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ABSTRACT 
Projections for large increases in the global demand for electric power produced by the 
burning of fossil fuels, in combination with growing environmental concerns surrounding 
these fuel sources, have sparked initiatives in the United States, Europe, and Asia aimed 
at developing a new generation of coal fired power plant, termed Advanced 
Ultrasupercritical (A-USC). These plants are slated to operate at higher steam 
temperatures and pressures than current generation plants, and in so doing will offer 
increased process cycle efficiency and reduced greenhouse gas emissions. Several γ’ 
precipitation strengthened Ni-based superalloys have been identified as candidates for the 
hottest sections of these plants, but the microstructural instability and poor creep behavior 
(compared to wrought products) of fusion welds involving these alloys present significant 
hurdles to their implementation and a gap in knowledge that must be addressed. In this 
work, creep testing and in-depth microstructural characterization have been used to 
provide insight into the long-term performance of these alloys. 
 
First, an investigation of the weld metal microstructural evolution as it relates to creep 
strength reductions in A-USC alloys INCONEL® 740, NIMONIC® 263 (INCONEL and 
NIMONIC are registered trademarks of Special Metals Corporation), and Haynes® 282® 
(Haynes and 282 are registered trademarks of Haynes International) was performed. γ’-
precipitate free zones were identified in two of these three alloys, and their development 
was linked to the evolution of phases that precipitate at the expense of γ’. Alloy 282 was 
shown to avoid precipitate free zone formation because the precipitates that form during 
long term aging in this alloy are poor in the γ’-forming elements. 
2 
 
Next, the microstructural evolution of INCONEL® 740H (a compositional variant of 
alloy 740) during creep was investigated. Gleeble-based interrupted creep and creep-
rupture testing was used to determine the correlation of discontinuous coarsening of the 
γ’ phase with time at temperature, creep strain, plastic prestrain, post-weld heat treatment, 
and compositional modification. The discontinuous coarsening reaction was shown to 
depend most strongly on the total strain experienced during creep. Post-weld 
homogenization and compositional modification had mixed effects on fusion weld 
rupture life and the rate of discontinuous coarsening. The differences in rupture life and 
discontinuous coarsening across a large matrix of creep specimens were related to the 
differences in strain at rupture and the relative ease of grain boundary motion in the 
samples. 
 
Finally, in-depth characterization of the discontinuous coarsening reaction products in 
alloy 740H creep specimens was performed. The effects of solute partitioning during 
non-equilibrium solidification on the variation in the volume fraction of strengthening 
precipitates along the length of the grain boundaries has been linked to the propensity for 
discontinuous coarsening. Evidence for the preferential development of discontinuous 
coarsening along grain boundary segments with sharp variations in γ’ content was 
presented. In addition, evidence for the preferred growth of colonies of discontinuous 
coarsening into regions of lower γ’ content was documented. Scanning transmission 
electron microscopy determined the compositions of the matrix and precipitate phases 
within the colonies and quantified the segregation of alloying elements to the reaction 
3 
front. Thermodynamic and kinetic modeling using commercially available software 
packages were leaned on extensively throughout this research, both as a way to provide 
theoretical bases for experimental observations and as a way to design and guide 
experimentation. Overall, the results presented in this work offer detailed observations on 
the evolution of deleterious grain boundary features in A-USC alloy fusion welds and 
provide insight for changes that may improve their creep performance. 
4 
1. MICROSTRUCTURAL EVOLUTION AND CREEP-RUPTURE 
BEHAVIOR OF A-USC ALLOY FUSION WELDS 
5 
ABSTRACT 
Characterization of the microstructural evolution of fusion welds in alloys slated for use 
in Advanced Ultrasupercritical (A-USC) boilers during creep has been performed. Creep-
rupture specimens involving INCONEL® 740, NIMONIC® 263 (INCONEL and 
NIMONIC are registered trademarks of Special Metals Corporation), and Haynes® 282® 
(Haynes and 282 are registered trademarks of Haynes International) have been analyzed 
via light optical microscopy, scanning electron microscopy, X-Ray diffraction, and 
thermodynamic and kinetic modeling. Focus has been given to the microstructures that 
develop along the grain boundaries in these alloys during creep at temperatures relevant 
to the A-USC process cycle, and particular attention has been paid to any evidence of the 
formation of local γ’-denuded or γ’-free zones. This work has been performed in an effort 
to understand the microstructural changes that lead to a weld strength reduction factor 
(WSRF) in these alloys as compared to solution annealed and aged alloy 740 base metal. 
γ’ precipitate-free zones have been identified in alloy 740 base metal, solution annealed 
alloy 740 weld metal, and alloy 263 weld metal after creep. Their development during 
long term thermal exposure is correlated with the stabilization of phases that are rich in 
γ’-forming elements (e.g. η and G) and is suppressed by precipitation of phases that do 
not contain the γ’ formers (e.g. M23C6 and μ). The location of failure and creep 
performance in terms of rupture life and WSRF for each welded joint is presented and 
discussed.  
 
6 
INTRODUCTION 
Despite its use as the largest global source of electricity, coal faces strong regulatory and 
economic challenges as the world adopts policies for reducing fossil fuel consumption 
and curtailing carbon emissions. As world-wide demand for electricity continues to grow, 
a robust portfolio of power generation options is needed to ensure reliable and 
environmentally responsible electricity. Renewable energy sources are of course the 
focus of many major research efforts, but in the decades before those power generation 
methods become industrially viable on a global scale, advancements in coal technology 
are needed. A key aspect of the roadmap to cleaner coal technology is the deployment of 
higher efficiency pulverized coal combustion using the Advanced Ultrasupercritical 
process cycle. The International Energy Agency has proposed, in its High Efficiency Low 
Emission (HELE) roadmap for coal technology, that coal generation from inefficient 
subcritical plants be replaced by higher efficiency Ultrasupercritical (USC) and A-USC 
plants as a first step to carbon reduction, prior to commercial deployment of Carbon 
Capture and Storage (CCS) technologies1.  
 
A-USC operating conditions are defined as steam temperatures up to 760 °C and steam 
pressures up to 35 MPa. These conditions are anticipated to reduce all emissions, 
including CO2, by 20 pct or greater compared to today’s U.S. fleet of supercritical 
boilers2–5. However, achieving such significant emission reductions and planned 
increases in plant efficiency demands the utilization of new materials and new 
technologies to implement these materials. Current USC boilers operate at temperatures 
near 600 °C, which is the limit for current, widely used creep-strength enhanced ferritic 
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steels (e.g. Grades 91 and 92). Thus, for planned temperatures approaching or exceeding 
700 °C, nickel-based alloys are required. With the aim of operation at 760 °C, age-
hardenable nickel alloys are considered to be leading candidates over solution 
strengthened alloys5 such as 617.  
 
INCONEL alloy 740 (ASME Boiler & Pressure Vessel Code, Section I, Code Case 
2702)6 is an age-hardenable nickel-based superalloy which is purposely designed for A-
USC steam boiler applications2. Developed by modifying NIMONIC 263 for better 
corrosion resistance, the typical microstructure of wrought alloy 740 is an austenite 
matrix containing 16-20 mol pct γ’ and a small amount of primary MC carbides at the 
grain boundaries. During long term high-temperature aging, microstructural changes 
including conversion of boundary carbides to M23C6, precipitation of G-phase, and 
precipitation of needle-like η have been noted7–9. Proposed in-plant locations for alloy 
740 include wrought boiler components such as tube, pipes, and plate, but it cannot be air 
cast for valves and shells. 
 
Haynes alloy 282 was originally developed for aerospace and land-based turbine 
applications. Microstructurally, wrought alloy 282 consists of an austenite matrix with 
18-24 mol pct γ’ and primary grain boundary MC carbides. During long term aging, MC 
carbide conversion to M23C6 is expected, and precipitation of a significant amount of µ 
phase has been predicted5,10. The presence of μ has not been recorded for wrought alloy 
282 because of slow precipitation kinetics10. Alloy 282 has tensile and fatigue properties 
that are sufficient for turbine applications at 760 °C. It generally has higher creep strength 
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than alloy 740, and the creep strength is relatively insensitive to starting microstructural 
condition11. Proposed in-plant locations for alloy 282 include turbine rotors and discs, 
valves, and casings.  
 
Wrought NIMONIC alloy 263 is also γ’ strengthened, though it typically contains less of 
the strengthening phase (<10 mol pct) than the two alloys described above. At A-USC 
temperatures, equilibrium strengthening is thermodynamically predicted to arise from η 
development (7-9 mol pct), as these temperatures are close to the alloy’s γ’ solvus. Other 
anticipated microstructural changes during long term exposure include conversion of 
primary MC carbides to M23C6 and, like alloy 282, possible development of µ phase5,12. 
Thermodynamic calculations have also predicted the formation of σ in alloy 263 near the 
upper limits of the specified composition range10. This alloy is proposed as a back-up cast 
alloy to 282, with lower strength but good ductility. A description of the phases 
mentioned in the preceding paragraphs can be found in Table 1-1 7,12. 
 
While base metal mechanical properties of 740, 263, and 282 are adequate for A-USC 
service, it must be recognized that fusion welds of these alloys will invariably be 
required, and that significant mechanical property differences may arise in these welds 
due solute partitioning during solidification and the local microstructural gradients it 
causes. This effect has led to, for example, a code-specified WSRF of 0.70 for seam-
welded alloy 740 components6. Such weld strength reductions form the basis for this 
study. Understanding the root cause of the observed WSR across these similar materials 
is vital. Without adequately addressing the microstructural complexities that develop 
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during long term aging of these alloys, it is impossible to develop meaningful approaches 
for mitigating the observed weld strength reductions. Recent work has discussed weld 
strength reductions observed in alloy 740H fusion welds and related them to the 
formation of grain boundary coarsened zones (CZ) via discontinuous coarsening of γ’ 
aided by grain boundary sliding during creep deformation13. This study expands upon 
that work by investigating other A-USC alloy filler metals and commenting on their 
mechanisms of microstructural change and failure. 
 
EXPERIMENTAL PROCEDURE 
Fusion welds involving A-USC alloys were made and supplied by Babcock & Wilcox, 
Barberton, OH, USA. Gas tungsten arc welding (GTAW), gas metal arc welding 
(GMAW), and hot-wire narrow groove GTAW (hot-wire TIG) processes were used. 
Smooth bar cross-weld creep-rupture specimens with a 6.4 mm diameter and a 58 mm 
gauge length were tested to failure at temperatures from 750 °C to 800 °C in lever-arm 
type creep machines according to ASTM E13914. Since it is targeted as the primary alloy 
for the hottest sections of A-USC boilers, alloy 740 in the standard heat treatment 
condition was used as the base metal for all of the welded joints in this study. The 
compositions of the base products and filler metals investigated in this work are given in 
Table 1-2. Note that the base metal of specimen 282GTAW is closer in composition to 
the variant of alloy 740 known as alloy 740H, which has a reduced Nb content and 
modified Al/Ti ratio to increase weldability and reduce η precipitation. Descriptions of 
the welding processes, post-weld heat treatments (PWHTs), creep conditions, and 
resultant WSRF values for the joints discussed here are given in Table 1-3. Note that two 
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of the specimens were tested in the welded and aged condition, while specimen 
740GTAW-SA was re-solution annealed and aged before creep. 
 
After rupture, the specimens were longitudinally cross sectioned, prepared using standard 
metallographic techniques, and electrolytically etched at 6 V in a solution comprised of 
comprised of 20 mL H3PO4 and 150 mL H2SO4 saturated with CrO3.  
 
Light optical stereomicroscopy using an Olympus SZH10 was used to capture low 
magnification images of the specimens. Light optical microscopy (LOM) was performed 
using a Reichert-Jung MeF3 inverted LOM equipped with Nikon image acquisition 
software. Secondary electron imaging and X-Ray Energy Dispersive Spectrometry (EDS) 
were performed in a Hitachi 4300SE/N Schottky field emission scanning electron 
microscope (SEM) at an operating voltage of 20 keV. Compositions reported from this 
analysis are standardless and therefore semi-quantitative, but the accuracy of the 
quantification technique was evaluated via large-field EDS acquisition and comparison to 
bulk compositions reported in the supplier-provided material certifications. The 
quantification of these large-field spectra is shown alongside the wet chemical results in 
Table 1-2. Note that the EDS-measured compositions are very close to the wet chemical 
measurements, even for elements that are close to or below the generally accepted 
detectability limit for this technique (~0.50 wt pct). Therefore, the semi-quantitative 
measurements presented here should be sufficient for phase identification on a 
comparative basis. Carbon concentrations cannot be accurately obtained via this 
technique, so it is not included in the analyses presented here. It must also be 
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acknowledged that the EDS compositions reported are likely to be somewhat composite 
in nature due to the effect of matrix sampling. Monte Carlo simulations using the 
CASINO program15 predict an X-Ray generation volume of slightly larger than 1 µm3 for 
these operating conditions, which means that the EDS results from some of the second 
phase particles analyzed in these specimens (which are on the order of 1-2µm in size) 
may be affected by the surrounding or underlying material.  
 
X-Ray diffraction (XRD) of as-polished specimens was utilized as needed to aid in phase 
identification. XRD was performed using a Rigaku Miniflex II diffractometer with a Cu 
Kα radiation source (λ = 1.54Å). X-Rays were acquired using an angular step of 0.01° 
and a count time of 25 s per step. Peaks were identified using information from the 2103 
version of the ICDD Powder Diffraction File database PDF-4. 
 
Scheil solidification calculations were performed for select specimens using the Thermo-
Calc software package16 and the TTNi7 thermodynamic database17 in order to assess the 
compositional gradients present within the matrix (austenite) immediately after weld 
metal solidification. The Scheil solidification simulation assumes a planar solid/liquid 
interface, no diffusion of substitutional elements in the solid, complete mixing in the 
liquid, and equilibrium at the solid/liquid interface. It therefore represents the worst case 
of microsegregation for substitutional elements. In actual fusion welds, there can be 
reductions in the extent of microsegregation due to solute enrichment at the dendrite tip, 
tip undercooling, and back diffusion towards the dendrite core. However, back-diffusion 
of substitutional elements is generally not expected under cooling rate conditions 
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associated with welding, and previous work has shown that tip enrichment and 
undercooling are small under the typical welding conditions considered here18. Carbon 
was entered as a fast-diffusing component during solidification simulations, as justified 
based on previous results18. Austenite composition profiles were extracted from the 
Scheil calculation results and used as the starting composition profiles for aging 
simulations of select specimens. Aging simulations were performed using the DICTRA 
software package16 in conjunction with the TTNi7 thermodynamic database17 and the 
MOB2 mobility database19. Simulated aging times and temperatures were selected to 
match the creep-rupture lives of the specimens, and selection of the phases that were 
allowed to form was guided by relevant literature for each alloy system5,7–12. 
 
RESULTS AND DISCUSSION 
A. Creep-rupture Behavior of A-USC Alloys 
Creep performance of alloy 740 base metal was chosen as the reference point for rupture 
life comparisons and WSRF calculation in this study. Creep data from a large number of 
wrought alloy 740 creep specimens covering a wide range of creep temperatures, creep 
stresses, heat treatment conditions, and starting grain sizes have been analyzed via 
regression analysis. The specific method behind this analysis is reported elsewhere20, but 
the results relevant to the discussion of the weldments in this study are shown in Figure 
1-1 (A). This plot summarizes the wrought alloy 740 data in terms of the best-fit Larson-
Miller Parameter and a solid line indicating the best-fit average creep performance of the 
specimens. Also included in Figure 1-1 (A) are specific data points for cross-weld creep 
specimens involving the previously detailed A-USC alloys of interest in this study. Data 
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for GTA and GMA welds with alloy 740 filler metal that were tested in the post-weld 
aged condition are also supplied for comparison. The specimens that are subject to in-
depth analysis in this study are highlighted. The dashed line in Figure 1-1 (A) denotes a 
30 pct reduction in creep strength from wrought alloy 740 (equivalent to a WSRF of 
0.70). None of the cross-weld specimens shown exhibited creep strength on par with the 
base metal. Figure 1-1 (B) presents the WSRF for each of the data points shown in Figure 
1-1 (A), defined as the rupture strength of the cross-weld specimen divided by the 
average base metal rupture strength at the same rupture life. As shown, weldments made 
with alloy 740 filler metal that were solution annealed and aged before creep testing 
generally show the smallest average WSRF, followed by weldments made with alloy 282 
and then by weldments made with alloy 263. Again, data for alloy 740 GTA and GMA 
welds in the post-weld aged condition are provided as a comparison, and as shown, these 
samples exhibit the most severe reduction in weld metal creep strength of all tested joints. 
Table 1-4 lists the average WSRF values for the groups of data shown in Figure 1-1 (B). 
 
B. Failure Location and Damage Accumulation  
Figure 1-2 presents light optical stereomicrographs of the creep specimens given in Table 
1-3 in the as-polished and etched conditions. It can be seen that most of the creep damage 
in sample 263GMAW is confined to the fusion zone. There was a minimal amount of 
creep cavitation observed in the heat affected zone (HAZ) and base metal. Failure in this 
specimen occurred in the fusion zone. Failure and nearly all of the damage accumulation 
sample 740GTAW-SA occurred in the base metal. Creep damage in sample 282GTAW 
was concentrated in the HAZ, where failure occurred, though some isolated damage was 
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observed in the base metal and fusion zone. The specimens selected for analysis therefore 
not only represent the long term microstructural stability of these alloys, but can also 
provide insight into the mechanisms by which failure preferentially occurs in different 
locations within the joints. 
 
C. Microstructural Characterization of A-USC Weldments after Creep-Rupture 
1. Alloy 263 GMAW 
Thermodynamic and kinetic modeling of the microstructural evolution in the fusion zone 
of this weldment was performed in order to provide a theoretical comparison to 
experimentally observed microstructures. Scheil solidification of alloy 263 was 
simulated, and the predicted solidification sequence was: 
 
 →  +  →  +  +  →  +  +  +  →    
 +  +  +  +  →   +  +  +    (Eq. 1-1) 
 
Figure 1-3 shows the calculated as-solidified austenite concentration profiles. As shown, 
significant partitioning of Mo and Ti (up to nearly 2.5 times the nominal levels) is 
expected. This segregation is typical of Ni-based alloys, as Mo and Ti are usually strong 
segregants to the liquid during solidification, and usually sets the stage for significant 
microstructural gradients in Ni-based alloys welds18. These composition profiles were 
imported into DICTRA for long-term aging simulations, where they were imposed on a 
calculation grid 10 µm in length. This distance was chosen because it was the average 
width of a half dendrite in the alloy 263 fusion zone, as measured via LOM. For this 
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weldment, the aging simulation consisted of an 8 h precipitation treatment at 800 °C 
followed by 12,741 h at 750 °C to simulate aging during creep. The amounts of second 
phases immediately after solidification was predicted to be small (per Table 1-5), so they 
were not included in the aging simulation. 
 
Figure 1-4 shows the calculated mass fraction of each microstructural constituent as a 
function of distance after the post-weld age and creep exposure. As shown, 
microsegregation during solidification is predicted to stabilize η over γ’ at the 
interdendritic regions during aging. The increased Mo concentration in these locations is 
also predicted to allow for σ precipitation. A small fraction of the carbide phases is 
predicted to be stable throughout the microstructure. These calculations illustrate the 
significant microstructural changes that may occur over very short distances in 
weldments. They highlight the importance of studies that characterize welds after long-
term service because these microstructural gradients can have significant effects on 
mechanical behavior. 
 
Light optical micrographs from the fusion zone of this weldment are shown in Figure 1-5. 
Extensive creep damage along the grain boundaries is evident, as is the presence of up to 
10µm wide regions that appear to no longer contain the strengthening γ’ phase. Such 
regions, which have been referred to as denuded zones or precipitate-free zones (PFZs) 
have been identified in many alloys systems and can be caused by a variety 
mechanisms13,21–29. In this specimen, LOM imaging suggests that their presence is related 
to the large second phase particles present within the PFZs. It must also be noted that the 
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creep damage in this sample is associated with these grain boundary PFZs, as is clearly 
indicated in Figure 1-5 (B) by the creep crack growing through the center of a PFZ. 
 
Secondary electron SEM micrographs of the weld metal in this specimen are shown in 
Figure 1-6. Significant grain boundary damage is again clear (Figure 1-6 (A)). In 
addition, extensive precipitation of a needle-like second phase can be seen in the 
interdendritic regions. As surmised from the LOM images described above, grain 
boundary creep crack growth is shown to coincide with the presence of γ’ PFZs. The 
region shown in Figure 1-6 (B) contains second phase particles of both needle-like and 
blocky morphologies. The needle-like phase is consistent with η, while the blocky phase 
could be σ or a carbide, as indicated by the aging simulations8,9. X-Ray EDS was used to 
estimate the compositions of these phases to validate the aforementioned modeling. The 
measured compositions are presented along with the calculated composition ranges for 
the relevant phases in Table 1-6. The measured composition of particle 1 is most 
consistent with the calculated composition of σ (note the Mo and Cr contents), particles 2 
and 3 are indeed closely matched to the calculated η composition (shown by the Ni, Ti, 
and Al), and particle 4 is most likely an M23C6 carbide (due to the high Cr content). It is 
acknowledged that the measured and calculated compositions are not exactly matched. 
This can be attributed to a combination of sampling the matrix below the relatively small 
particles, variations in the elemental ratios in these complex phases, and errors in the 
calculated values. These results indicate that phases in the vicinity of the grain boundary 
PFZ are most likely η in both blocky and needle morphologies, blocky σ and blocky 
M23C6, all of which are consistent with the modeling results.  
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As mentioned above, several mechanisms for PFZ formation have been identified in the 
literature. One such mechanism involves the dissolution of the strengthening phase via 
diffusion of elements directly involved in its formation (in this case Al and Ti) along the 
short circuit diffusion path (i.e., the grain boundary) toward microstructural constituents 
that are more thermodynamically stable. This type of mechanism has been specifically 
indicated with regard to Ti-rich MC carbide formation24 in PE16. However, it appears 
equally as likely for such a mechanism to be active in the alloy 263 system, where the Ti-
rich η phase now serves as the sink for γ’ forming elements. Further evidence of this is 
shown by the local PFZs surrounding the needle-like η phase away from the grain 
boundary.  
 
2. Alloy 740 GTAW - ST 
As noted above, failure of this weldment occurred in the base metal, so computational 
modeling focused on the base metal composition set quoted in Table 1-2. This bulk weld 
metal composition is not significantly different from that of the base metal (Table 1-2), 
and previous results have verified that the post-weld solution treatment applied to this 
specimen will eliminate the solidification-induced compositional gradients in alloy 74030. 
It is therefore assumed that one set of computational results using the reported base metal 
composition set will be valid for the entire cross-weld specimen. It is recognized that 
there may be differences in the amount of primary carbides between the base material and 
fusion zone, but because the mass fraction of primary carbides is in general on the order 
of 10-3, it is assumed that they will not alter the microstructural evolution considerably31. 
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Finally, the precipitation treatment for alloy 740 and the creep temperature for this 
specimen were the same, so it was assumed that the final microstructure would reach 
equilibrium after over 25,000 h of thermal exposure. Thus, only equilibrium 
thermodynamic calculations were considered, and the results of these equilibrium 
calculations for alloy 740 at 800 °C are summarized in Table 1-7. The predicted amount 
of γ’ is lower than that reported in the literature32 for alloy 740. However, it has been 
shown that η develops during long-term aging of this alloy8,9, and since it is established 
that η will form at the expense of γ’, calculated reduction in the equilibrium phase 
fraction of γ’ is reasonable. 
 
LOM micrographs taken near the fracture surface of this specimen are given in Figure 1-
7. As in the case of the alloy 263 weldment, extensive creep damage can be clearly seen 
along the grain boundaries, large grain boundary PFZs are present, and the PFZs appear 
to be associated with the creep damage. Needle-like grain boundary and intragranular 
precipitates are visible in this alloy even at the LOM level.  
 
At the SEM level (Figure 1-8), the large extent of second phase precipitation along the 
grain boundaries is evident. As shown, needles consistent with the morphology of η 
appear to have nucleated from γ’ in the intragranular regions and appear to have 
nucleated from a semi-continuous film of blocky constituents along the grain boundaries. 
These observations are consistent with prior studies8,9 of alloy 740. In both cases, they are 
surrounded local γ’ PFZs. X-Ray EDS was used to classify the microstructural 
constituents in Figure 1-8, and the results are summarized in Table 1-8. These results are 
19 
not wholly consistent with the calculation results shown in Table 1-7, beyond the 
interaction volume and natural composition variation issues identified in the previous 
section. While it does appear that η is present within the grain boundary PFZs (particle 3 
of Figure 1-8 (A)), the other analyzed particles are either highly Cr-enriched or Nb- and 
Si-rich. As shown in Table 1-8, these constituents are close in composition to 
experimentally observed M23C6 and G-phase, respectively5,7,31,33. M23C6 is predicted to be 
stable at lower temperatures in alloy 740, but calculations indicate that its solvus 
temperature is very close to the creep temperature31 of 800 °C. With regard to G-phase, 
other studies have also shown experimental observations of G while presenting 
thermodynamic calculations that do not predict it31. It is therefore likely that the source of 
the discrepancies between calculated and experimentally observed alloy 740 
microstructures lies with the available thermodynamic information. It appears that the 
operative mechanism of grain boundary PFZ formation and associated hastening of creep 
damage in this alloy is similar to that reported above for alloy 263. Namely, the 
secondary phases along the high diffusivity grain boundaries act as sinks for γ’ forming 
elements and cause the strengthening phase to dissolve. In the case of alloy 740, these 
phases are η, which absorbs Nb and Ti, and G, which absorbs Nb. 
 
Since a non-standard PWHT was applied to this weldment and the fusion zone of the 
compositional variant alloy 740H has been shown to contain γ’ denuded zones13, 
investigation of the weld metal in this specimen is warranted even though failure did not 
occur there. LOM micrographs from the fusion zone are presented in Figure 1-9. As 
shown, the grain boundaries in this region also exhibit near total coverage by PFZs, and 
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significant amounts of needle-like η are visible. In contrast to the base metal, minimal 
creep damage is evident in the fusion zone. However, it is clear that the entirety of the 
fusion zone has recrystallized during the post-weld solution treatment, an observation that 
provides a qualitative perspective on the amount of plastic strain induced during the 
welding process. The grain size in the fusion zone after creep-rupture was measured as 
102μm in accordance with ASTM E11234, which is 25 pct larger than the base metal 
grain size (82μm).  
 
SEM of the fusion zone in this specimen was also carried out, and typical results are 
given in Figure 1-8 (B) and Table 1-8. As in the base metal, γ’ PFZs are observed both 
along grain boundaries and in the vicinity of η needles. Particles near and along the 
boundary are again identified as η and G, and the mechanism of PFZ formation is 
considered to be the same as in the base metal. This mechanism differs from that which 
causes the development of similar regions in alloy 740H weld metal during creep. It has 
been shown that suppression of η formation in that compositional variant does not 
eliminate grain boundary denuded zones, but changes their method of formation to grain 
boundary sliding-induced discontinuous coarsening of the γ’ phase13.  
 
3. Alloy 282 GTAW 
Failure of this specimen occurred in the HAZ, so thermodynamic modeling of the 
fracture location began by simulating the standard 800 °C for 4 h post-weld aging 
treatment on the alloy 740 base metal composition given in Table 1-2. Next, the 
Smartweld program developed by Sandia National Laboratories35 was used to calculate 
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the weld thermal cycle experienced at the failure location. Failure was very near the 
fusion line, so a thermal cycle peak temperature of 1250 °C (just below the alloy’s solvus 
temperature) was assumed. A heat input of approximately 900 J/mm, which is typical of 
the hot-wire GTAW process, was used as the input parameter for the thermal cycle 
calculation. Once the thermal cycle was calculated, it was imported into DICTRA and 
applied to the result of the initial 800 °C for 4 h precipitation treatment. Finally, the 
output from the base metal age + weld thermal cycle simulation was given a simulated 
800 °C age for 5,107 h. This represents a post-weld age of 4 h followed by the long term 
age associated with the rupture life of this sample.  
 
The predicted microstructure after this complex thermal history is an austenite matrix 
with 16 at pct γ’ and 0.29 at pct MC. This amount of γ’ is in good agreement with the 
designed level of γ’ in this alloy. No η or G were predicted, likely because of the 
compositional differences between the alloy 740 base plate in specimen 282GTAW as 
compared to the other two samples. Although the composition of this base plate is within 
the composition limits of alloy 740, it is significantly leaner in Ti and Nb, per Table 1-2. 
As described above, Ti is a primary component of η and Nb is a primary component of 
G-phase, so a lack of these phases in the microstructure of an alloy with reduced Ti and 
Nb content is unsurprising. As in the case of sample 740GTAW-SA, M23C6 was also not 
predicted to form during the long-term aging.  
 
Figure 1-10 demonstrates the microstructure and extent of creep damage in the HAZ of 
this specimen at the LOM level. As expected, significant voiding along the grain 
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boundaries is present. Also noteworthy is the lack of the large PFZs visible at the LOM 
level.  
 
SEM micrographs of typical grain boundaries in the HAZ are shown in Figures 1-11 (A-
B). There is no evidence of η precipitation in this region, which is consistent with the 
modeling described above. The presence of PFZs is seen at this level of imaging, as is the 
propensity for creep damage to occur along them. X-Ray EDS results from the particles 
indicated in Figure 1-11 are shown along with the predicted compositions for relevant 
phases in Table 1-9. From these results, grain boundary precipitates are identified as 
either (Al,Ti,Nb)-rich or Cr-rich. The composition of the (Al,Ti,Nb)-rich particles is 
consistent with γ’, and their lamellar morphology is consistent with what has been 
observed after discontinuous coarsening in alloy 740H13. This, in combination with the 
fact that the composition in this region is more representative of alloy 740H than alloy 
740, leads to the conclusion that the mechanism of denuded-zone formation in the HAZ 
of specimen 282GTAW is the same as that observed in alloy 740H. The Cr-rich phase 
observed in Figure 1-11 (C) is consistent with M23C6. As in the case of sample 
740GTAW-SA above, the presence of M23C6 in the microstructure when not predicted by 
the modeling may be due to the close proximity of the M23C6 solvus to the aging/creep 
temperature. Figure 1-11 also shows an intragranular particle which EDS results in Table 
1-9 show is likely the MC phase predicted by the modeling.  
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As with the previous specimens, an understanding of the microstructural evolution of the 
fusion zone in this weld is desirable. Simulation of alloy 282 solidification was 
conducted, and the predicted solidification sequence is as follows: 
 
 →  +  →  +  +  →  +  +  + 
 → 
 +  +  + 
 +  →  +  + 
 +    (Eq. 1-2) 
 
Figure 1-12 shows the calculated as-solidified austenite concentration profiles, and Table 
1-10 shows the calculated amount of second phases present immediately after 
solidification. As in sample 263GMAW, segregation of Mo and Ti to the liquid during 
solidification is expected to increase the local concentration of these elements in the 
interdendritic regions to nearly double their nominal amounts. These concentration 
profiles were also assigned to a 10 µm wide calculation grid, which was again supported 
by dendrite measurement in the LOM. For this specimen, aging calculations took into 
account the post-weld precipitation treatment at 800 °C for 4 h followed by simulated 
thermal exposure at 800 °C for the creep rupture life of 5,103 h. As in the case of alloy 
263, the small amount second phases present immediately after solidification were not 
included in the aging simulation. 
 
The predicted mass fraction of phases across a half-dendrite in alloy 282 after long-term 
aging is given in Figure 1-13. Microsegregation during solidification in this system, like 
alloy 263, is predicted to induce significant microstructural changes across the weld 
substructure. In this case, precipitation of μ is expected to occur near the interdendritic 
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regions, and M23C6 carbides are predicted to be stable throughout the microstructure. No 
η or G is predicted to form in this system. It is therefore very important to note from 
Figure 1-13 that unlike the calculations for alloys 263 and 740, second phase 
precipitation during aging is not predicted to have a negative impact on the phase fraction 
of γ’.  
 
SEM micrographs of the alloy 282 fusion zone after creep (Figure 1-14) demonstrate the 
presence of a semi-continuous film of blocky precipitates along the grain boundaries, 
along with elongated intragranular particles that differ in length and aspect ratio from the 
η identified in the previous alloys. X-Ray EDS of this sample, as given in Table 1-11, 
indicates that one of the grain boundary constituents is highly enriched in Cr and is 
therefore most likely M23C6. This is consistent with grain boundary films identified 
wrought alloy 282 in other studies36,37. EDS results indicate that the other grain boundary 
constituent is enriched in Mo, Cr, Co, and Ni. This is consistent with M6C, σ, and μ, so 
X-Ray diffraction was required to identify this phase.  
 
Figure 1-15 shows a typical XRD spectrum from the 2θ window between 20° and 55° for 
the 282GTAW specimen. Each peak within this window was identified with the aid of 
the Powder Diffraction File’s theoretical peak locations for γ, γ’, M6C, M23C6, σ, and μ. 
Within this spectrum, there is a notable absence of what should be a strong M6C peak at 
39.94° (h k l = 4 2 2) as well as peak intensities at 35.28° and 46.30° that do not match 
expected M6C peaks. These observations indicate that M6C is likely not present in the 
microstructure above the 1-2 wt pct detectability limit of the technique. Similarly, the 
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lack of what should be the second highest intensity σ peak at 40.84° (h k l = 4 1 0), in 
combination with peak intensities at 46.30° and 47.70° that do not match the σ series, 
disqualify σ as a significant microstructural constituent. Close matching is observed, 
however, at the calculated peak positions for the M23C6 and μ phase series. The relative 
intensities of the peaks in these series are also in agreement with the calculated data, with 
the exception of artificially increased intensities for the peaks between 41.50° and 45.00° 
because they overlap the tails of the large matrix peak at 43.68°. Since M23C6 has been 
sufficiently identified via XEDS, it is concluded that the unknown constituent noted in 
Figure 1-11 and Table 1-11 is μ. The difference between the measured and calculated 
compositions of this phase is again attributed to matrix sampling and possible natural 
variations in phase chemistry.  
 
Note from the images presented in Figure 1-14 that there is a lack of the type of γ’ PFZs 
that were present in both the alloy 263 and the solution treated alloy 740 specimens. Per 
the discussions above regarding the mechanism of PFZ formation in A-USC alloys, it is 
clear that the lack of these grain boundary features in alloy 282 stems from the 
precipitation of grain boundary phases that are poor in the γ’ forming elements. As 
predicted by the aging simulation for this alloy, phases such as M23C6 and μ do not 
require Al, Nb, and/or Ti, so they may exist with minimal impact to the local γ’ 
concentration. Phases that would impact the local γ’ concentration (e.g. η) do not form in 
alloy 282 because of the lack of Nb and lower Ti/Al ratio, as compared to alloys 740 and 
263. This difference significantly affects the creep-rupture performance of this alloy, 
inasmuch as fusion welds involving alloy 282 are able to maintain higher WSRF values 
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at exposure times greater than 10,000 h. This observation is in contrast to welds made 
with either 740 or 263 filler metal where the WSRF is shown to decline at very long 
times as γ’ PFZs evolve (Figure 1-1 (B)).  
 
CONCLUSIONS 
Since γ’ prime strengthened A-USC alloy fusion welds are to be used at elevated 
temperatures for service lives exceeding 100,000 hours, it is imperative that their long 
term microstructural evolution be studied. The microstructural stability of these alloys 
will ultimately govern their long term mechanical performance. This work has 
demonstrated that alloys that form phases which stabilize at the expense of γ’ (e.g. η) are 
likely to produce grain boundary precipitate-free zones, while alloys that form phases 
which do not interfere with γ’ stability (e.g. carbides) are less likely to form PFZs. In 
general, future design of high temperature alloys that are to be welded should be guided 
by computational materials tools in order to preemptively assess the likelihood of 
forming such locally weak microstructural features which can reduce weld creep 
performance by as much as 30 pct. With regard to current A-USC alloys, the results 
presented here have shown: 
 
1. NIMONIC alloy 263 weld metal is prone to the evolution of large grain boundary 
γ’ precipitate-free zones that promote its reduced creep-rupture life. PFZs in this 
alloy are caused by stabilization of Ti-rich η at the grain boundaries due to 
microsegregation induced during weld metal solidification. 
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2. INCONEL alloy 740 in both the wrought and welded-and-solution-treated 
condition is also prone to γ’ PFZ development and a concomitant reduction in 
creep-rupture performance. PFZs in this alloy are caused by intragranular and 
grain boundary stabilization of (Ti,Nb)-rich η, as well as grain boundary 
stabilization of Nb-rich G phase, both of which promote local γ’ dissolution. 
3. The mechanism of PFZ formation in alloy 740 differs from the mechanism of γ’ 
denuded zone formation in the compositionally modified variant alloy 740H, 
where denuded zones have recently been shown to form by grain boundary-
sliding enhanced discontinuous coarsening of γ’. 
4. Haynes alloy 282 fusion welds are not prone to PFZ formation during creep. 
Continuous films of grain boundary precipitates form in this alloy during long 
term aging, but these precipitates are identified as M23C6 and μ, which do not 
contain significant amounts of the γ’ forming elements and therefore do not result 
in local dissolution of γ’. Phases that would promote PFZ formation are not 
present in this alloy because of its lower Nb and higher Al contents with respect 
to alloys 740 and 263. 
5. Thermodynamic and kinetic calculations of the microstructural evolution in A-
USC alloys during long term thermal exposure associated with creep were for the 
most part consistent with experimental results. 
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Figure 1-1: (A) A-USC alloy cross-weld creep rupture results. Solid line represents 
average wrought alloy 740 creep rupture strength, and dashed line represents a 30% 
reduction (WSRF = 0.70) from the solid line. (B) WSRF for various A-USC alloy cross-
weld creep specimens, calculated with respect to wrought alloy 740 creep rupture 
performance. Arrowed/circled data points denote the 3 specimens analyzed in this work. 
Reproduced from Ref. 20.  
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Figure 1-2: Light optical stereomicrographs of the A-USC alloy cross-weld creep 
specimens investigated in this study in the as-polished and etched conditions. (Top) 
263GMAW, (Middle) 740GTAW-SA, (Bottom) 282GMAW. 
34 
 
 
Figure 1-3: Calculated austenite concentration profiles immediately after Scheil 
solidification of alloy 263: (A) major alloying elements, and (B) select minor alloying  
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Figure 1-4: (A) Calculated phase fraction as a function of distance across a half-dendrite 
in alloy 263 weld metal after simulated post-weld aging at 800 °C for 8 h + aging during 
creep at 750 °C for 12,741 h, (B) same as (A) but magnified to show low-mass fraction 
phases. 
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Figure 1-5: Light optical micrographs of alloy 263 weld metal after creep rupture. 
 
 
Figure 1-6: SEM micrographs of alloy 263 weld metal after creep. Large γ’ PFZs, 
extensive precipitation of needle-like η, and grain boundary precipitation of blocky 
second phases is evident. Locations of X-Ray EDS analysis indicated in (B). 
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Figure 1-7: Light optical micrographs of alloy 740 base metal after creep rupture. 
 
 
Figure 1-8: SEM micrographs of (A) alloy 740 base metal and (B) post-weld solution 
treated alloy 740 fusion zone after creep rupture. Locations of X-Ray EDS analysis 
indicated.  
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Figure 1-9: Light optical micrographs of post-weld solution treated alloy 740 weld metal 
after creep rupture. 
 
 
Figure 1-10: Light optical micrographs of the alloy 740 HAZ in sample 282GTAW after 
creep rupture.  
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Figure 1-11: SEM micrographs of the alloy 740 HAZ in specimen 282GTAW after creep 
rupture. Locations of X-Ray EDS analysis indicated.  
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Figure 1-12: Calculated austenite concentration profiles immediately after Scheil 
solidification of alloy 282: (A) major alloying elements, and (B) select minor alloying 
elements.  
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Figure 1-13: (A) Calculated phase fraction as a function of distance across a half-dendrite 
in alloy 282 weld metal after simulated post-weld aging at 800 °C for 4 h + aging during 
creep at 800 °C for 5,103 h, (B) same as (A) but magnified to show low-mass fraction 
phases.  
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Figure 1-14: SEM micrographs of alloy 282 weld metal after creep rupture. Locations of 
X-Ray EDS analysis indicated. 
 
 
Figure 1-15: XRD spectrum from specimen 282GTAW. 
3 
  
 
 
 
 
 
 
 
 
 
  
Table 1-1: Description of microstructural constituents relevant to A-USC alloys and their 
weldments7,12. 
Phase 
Typical Chemical 
Formula 
Typical Lattice 
Parameter(s) (nm) 
Crystal Structure Space Group 
γ Ni solid solution 0.359 FCC 3 (225) 
γ’ Ni3(Al,Ti,Nb) 0.362 FCC (L12) 3 (221) 
η Ni3Ti a = 0.510, c = 0.830 Hexagonal (D024) 6/ (194) 
σ (Ni,Cr)2Mo a = 0.910, c = 0.472 Tetragonal 42/ (136) 
μ (Ni,Co)7Mo6 a = 0.476, c = 2.562 Rhombohedral 3 (166) 
G Nb6Ni16Si7 1.140 FCC 3 (225) 
MC (Nb,Ti)C 0.450 FCC 3 (225) 
M6C (Ni,Mo)6C 1.105 Diamond Cubic 3 (227) 
M23C6 Cr23C6 1.063 FCC 3 (225) 
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Table 1-2: Compositions of A-USC alloys used in this study. Top row for each specimen is the 
composition reported by the supplier-provided material certification, and bottom row for each 
specimen is X-Ray EDS-measured composition. Values given in wt pct. N/A = not measured 
 Base Metal 
Specimen ID Ni Cr Co Al Ti Nb Fe Mn Mo Si C S B P 
263GMAW 
Bal 24 20 1.0 1.8 2.0 0.46 0.26 0.50 0.53 0.03 0.001 0.004 0.005 
Bal 24 20 1.1 2.1 1.8 0.69 0.19 0.65 0.49 N/A N/A N/A N/A 
740GTAW-SA 
Bal 24 20 0.94 1.8 2.0 0.42 0.28 0.55 0.54 N/A 0.001 0.003 0.005 
Bal 23 19 0.94 2.0 2.0 0.57 0.32 0.65 0.46 N/A N/A N/A N/A 
282GTAW 
Bal 24 20 1.3 1.5 1.5 1.1 0.30 0.53 0.20 N/A N/A 0.002 N/A 
Bal 24 19 1.4 1.6 1.5 1.2 0.16 0.60 0.71 N/A N/A N/A N/A 
               
 As-Deposited Weld Metal 
Specimen ID Ni Cr Co Al Ti Nb Fe Mn Mo Si C S B P 
263GMAW 
Bal 21 20 0.52 2.2 0 0.37 0.21 5.9 0.08 0.06 <0.002 <0.002 <0.005 
Bal 20 19 0.72 2.4 0.09 0.69 0.24 5.2 0.25 N/A N/A N/A N/A 
740GTAW-SA 
Bal 24 20 0.98 1.8 2.0 0.46 0.26 0.51 0.51 0.03 <0.001 0.004 <0.005 
Bal 23 19 1.2 2.3 2.1 0.63 0.25 0.54 1.3 N/A N/A N/A N/A 
282GTAW 
Bal 19 10 1.5 2.2 0 0.68 0.05 8.6 <0.05 0.06 <0.002 0.005 0.002 
Bal 19 11 1.5 2.2 0.21 1.2 0.11 7.0 0.50 N/A N/A N/A N/A 
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Table 1-3: Welding processes, post-weld heat treatments, and creep conditions of the welds investigated 
in this study 
Specimen ID 
Product 
Form 
Welding 
Process 
Filler 
Metal 
Post Weld 
Heat 
Treatment 
Creep 
Temperature, 
°C 
Creep 
Stress, 
MPa 
Rupture 
Life, h 
WSRF 
263GMAW 15.9 mm plate GMA 263 
800°C/4hr, 
air cool 
750 140 12,741 0.74 
740GTAW-SA 
50.8 mm OD 
10 mm WT 
tube 
GTA 740 
1120°C/1hr, 
air cool,  
800°C/4hr 
air cool 
800 75 25,237 0.80 
282GTAW 
38.1 mm 
plate 
Hot-Wire 
TIG (GTA) 
Haynes 
282 
800°C/4hr, 
air cool 
800 120 5,103 0.87 
 
 
Table 1-4: Average weld strength reduction factors for A-USC alloy cross weld specimens. 
Specimen Type WSRF 
740GMAW 0.71 
740GTAW 0.74 
263GMAW 0.82 
282GTAW 0.85 
740GTAW-SA 0.88 
 
 
Table 1-5: Calculated second phase content in specimen 263GMAW immediately after solidification. 
Phase Mass Fraction 
γ 0.981 
MC 3.20x10-3 
σ 5.87x10-3 
η 1.11x10-4 
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Table 1-6: Semi-quantitative X-ray EDS composition measurement of particles 
indicated in Figure 1-6, and calculated compositions of relevant phases in specimen 
263GMAW after post-weld aging at 800 °C for 8 h + aging during creep at 750 °C 
for 12,741 h. Values given in wt pct. 
  Concentration 
Particle/Phase Al Mo Ti Cr Co Ni 
1 * 23 2 47 5.3 19 
2 1.4 5 12 6.5 7.7 65 
3 1.5 4.2 10 7.4 9.9 64 
4 * 15 1.3 62 4.2 13 
η 1 ** 20 ** 8 to 9 70 to 71 
σ  ** 25 to 28 ** 45 to 46 21 17 
M23C6 ** 20 ** 62 to 63 5 7 to 8 
* Concentration below EDS detectability limit 
** Concentration less than 0.01wt pct 
 
 
Table 1-7: Calculated equilibrium phase fractions and compositions for 
specimen 740GTAW-SA at 800 °C. Values given in wt pct. 
    Concentration 
Phase 
Mass 
Fraction 
Ni Cr Co Nb Ti Al Mo Si 
γ 0.828 45 29 22 0.34 0.26 0.41 0.66 0.6 
γ’ 0.114 71 1.4 6.9 7.7 8.1 4.4 0.02 0.42 
η 0.055 63 0.17 13 10 12 2 * * 
MC 0.003 * 0.05 * 83 5.7 * 0.06 * 
*  Concentration < 0.01 wt pct 
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Table 1-8: Semi-quantitative X-ray EDS composition measurement of particles indicated 
in Figure 1-8. Values given in wt pct. 
  Base Metal 
  Al Si Nb Mo Ti Cr Co Ni 
1 * * 0.84 3.5 0.78 81 2.8 7.3 
2 * 9.9 23 2.1 2.6 2.9 9.7 46 
3 2.5 * 9.5 1.1 9.1 2.9 7.7 65 
4 * 10 23 2 2.4 3.8 10 46 
M23C6 7  0 0 0 0 0.1 94 1.6 3.5 
G7  0.1 22 15 0.2 2.8 2.1 10 47 
                  
  Fusion Zone 
  Al Si Nb Mo Ti Cr Co Ni 
1 * 9.7 23 2.1 2.3 4.8 10 46 
2 * 9.6 24 2.3 3 2.1 10 47 
3 1.9 1.2 6.1 1 4.7 13 13 55 
*   Concentration below EDS detectability limit 
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Table 1-9: Semi-quantitative X-ray EDS composition measurement of particles indicated in Figure 1-11, and 
calculated compositions of relevant phases in the HAZ of specimen 282GTAW after simulated pre-weld aging 
at 800 °C for 4 h, weld thermal cycle to a peak temperature of 1250 °C, post-weld aging at 800 °C for 4 h, and 
aging during creep at 800 °C for 5,103 h. Values given in wt pct. 
  Concentration 
Particle/Phase Al Nb Mo Ti Cr Co Ni 
1 0.54 0.83 2.5 1.9 69 5.6 17 
2 1.9 1.7 2.3 1.3 61 5.3 24 
3 3.9 4.2 0.69 4.7 9.7 10 63 
4 3.4 3.9 0.68 3.9 13 13 62 
5 4.1 4.0 0.80 4.1 13 12 61 
6 ** 70 5.8 19 0.95 0.85 2.2 
γ’ 5.1 7.6 * 7.8 1.5 7.5 71 
MC * 82 * 7.1 * * * 
*    Concentration less than 0.01wt pct 
**   Concentration below EDS detectability limit 
 
Table 1-10: Calculated second phase content in specimen 282GTAW immediately after solidification. 
Phase Mass Fraction 
γ 0.981 
MC 3.20x10-3 
σ 5.87x10-3 
η 1.11x10-4 
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Table 1-11: Semi-quantitative X-ray EDS composition measurement of particles indicated in Figure 1-14, and 
calculated compositions of relevant phases in specimen 282GTAW after post-weld aging at 800 °C for 4 h + 
aging during creep at 800 °C for 5,103 h. Values given in wt pct. 
  Concentration 
Particle/Phase Al Mo Ti Cr Co Ni 
1 * 14 0.72 58 4.1 19 
2 0.86 26 1.7 16 11 40 
3 0.77 24 1.4 17 12 43 
M23C6 ** 20 ** 63 5 8 
μ  ** 45 ** 17 17 21 
σ ** 32 ** 33 12 22 
M6C ** 55 ** 16 3 24 
η 2 ** 18 ** 5 75 
* Concentration below EDS detectability limit 
** Concentration less than 0.01wt pct 
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2. EVOLUTION OF GRAIN BOUNDARY COARSENED ZONES 
IN INCONEL® ALLOY 740H® FUSION WELDS 
 
 51 
ABSTRACT 
An investigation into the microstructural evolution of INCONEL® alloy 740H® fusion 
welds during creep has been conducted, with particular emphasis on γ’-coarsened zones 
that form via grain boundary deformation-induced discontinuous coarsening. Gleeble-
based interrupted creep and creep-rupture tests have been used to determine the evolution 
of the coarsened zones, as a function of time at temperature, creep strain, and plastic 
prestrain. Post-weld processing and compositional modification have been investigated as 
a means to reduce the propensity for coarsened zone formation and restore weld metal 
creep performance. The development of γ’-coarsened zones has been shown to depend 
most strongly on the total strain experienced during creep. No evidence of their 
development was observed in samples that were given a stress-free age or samples that 
were plastically prestrained and then given a stress-free age. However, plastic 
prestraining did enhance the rate of coarsened zone evolution during creep and resulted in 
reduced rupture life. Removal of Nb from alloy 740H appears to reduce the propensity 
for coarsened zone formation, but the reason for this effect is convoluted by a significant 
reduction in rupture life due to general strength loss from Nb removal. Post-weld 
homogenization prior to creep had mixed effects on the rupture life and CZ development 
in alloy 740H welds because of the interplay of microstructural changes caused by heat 
treatment temperature and joint design. The differences in rupture life and coarsened 
zone formation between creep specimens have been related to the differences in strain 
and the relative ease of grain boundary motion. The results presented in this study offer 
detailed observations on the evolution of deleterious grain boundary features, and provide 
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insight for processing changes that improve the creep strength of welds in this alloy 
system. 
 
INTRODUCTION 
INCONEL® alloy 740H® (INCONEL and 740H are registered trademarks of Special 
Metals Corporation) is a γ’-precipitation strengthened Ni-based superalloy that is targeted 
for use in the hottest sections of Advanced Ultrasupercritical (A-USC) coal-fired power 
plants. In its wrought form, the alloy exhibits the high temperature strength and corrosion 
resistance necessary for this application, but alloy 740H fusion welds have exhibited up 
to a 30 pct reduction in creep-rupture life across a wide range of temperatures and 
stresses1–5. Earlier work on this alloy has attributed the weld strength reduction (WSR) to 
the localization of creep damage within grain boundary regions which are denuded in 
fine-scale γ’ and instead contain a much coarser dispersion of elongated γ’ precipitates. 
An example of one such region from a multi-pass gas tungsten arc (GTA) cross-weld 
creep-rupture specimen is given in Figure 2-1, and they will be referred to as coarsened 
zones (CZs) throughout this work. Microstructural characterization of creep-rupture 
specimens has attributed the formation of these grain boundary features to discontinuous 
coarsening (DC) of the grain boundary γ’ particles1. It has been reported that the DC 
reaction in alloy 740H fusion welds is assisted by the grain boundary motion induced 
during creep deformation by grain boundary sliding/migration (GBS/GBM) and is 
exacerbated by the chemical and microstructural gradients induced in the weld metal 
during solidification and subsequent direct aging1. 
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Although the formation mechanism for the CZs in alloy 740H is understood, further 
understanding of the progression of the DC reaction is needed in order to determine if a 
solution to their development (and concomitant mitigation of the WSR) is possible. 
Specifically, the effects of in-service conditions such as creep strain, residual plastic 
strain from welding, and exposure time on the evolution of grain boundary coarsened 
zones should be established. In addition, processing and/or compositional changes that 
may suppress the discontinuous coarsening reaction must be explored and characterized. 
This work seeks to combine a matrix of Gleeble-based interrupted creep and creep-
rupture tests with in-depth microstructural characterization to assess DC behavior across 
a range of the aforementioned in-service, processing, and compositional conditions. 
 
EXPERIMENTAL PROCEDURE 
Creep testing in this work was primarily performed on single-pass autogenous bead-on-
plate GTA welds produced at Lehigh University. These welds were fabricated using an 
automated GTA system at a current of 250 A, a voltage of 12 ± 0.1 V, and an average 
torch travel speed of 2 mm/sec. Plate thickness was 12 mm, and the weld was performed 
under a 100 pct Ar shielding gas with a 4.0 mm diameter W-2 pct Th electrode. The 
composition of the plate is given in Table 2-1 as heat number 2127JY.  Testing was also 
performed on a multi-pass GTA weld using alloy 740H filler metal and a single-pass 
autogenous bead-on-plate GTA weld on a Nb-free variant of alloy 740H. The multi-pass 
weld was a 30° V-groove (60° included angle) manual GTA weld made on a 15 mm thick 
alloy 740H plate at 198 A and 11 V under 75/25 Ar/He shielding gas at 51 m3/h using a 
3.2 mm diameter W-2 pct Th electrode. The root pass (4.8 mm root opening) of this weld 
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was deposited with an average filler metal feed rate of 26 mm/s and average torch travel 
speed of 0.9 mm/s, while the fill passes were deposited at an average feed rate of 19 
mm/s and average torch travel speed of 3.4 mm/s. A total of approximately 33 passes 
were used to fill the groove. This weld was fabricated at Special Metals Corporation in 
Huntington, WV. The single-pass GTA weld parameters for the Nb-free variant were 
identical to those for the single-pass alloy 740H weld described above, and this weld was 
also fabricated at Lehigh University. Compositions of the materials involved in these 
additional welds are given in Table 2-1 as HV1278 (multi-pass base metal), HV1219 
(multi-pass filler metal), and HV1701 (single-pass Nb-free). All welds were given the 
standard alloy 740H direct age (DA) of 800 °C for 4 h + air cool before testing. 
 
Cross-weld specimens in the form of 10 x 10 x 75 mm (H x W x L) bars with threaded 
ends were extracted from the aforementioned welds. The initial test matrix for the single-
pass alloy 740H GTA weld samples is given in Table 2-2. The matrix was designed to 
explore variations in DC evolution as a function of isothermal aging time, isothermal 
aging time after plastic prestrain, creep, and creep after plastic prestrain. Specimens that 
received only an isothermal age were heated to 850 °C in a Fisher Isotemp 550 muffle 
furnace. Specimens that were prestrained and then given an isothermal age were heated to 
850 °C in a Gleeble 3500 thermal-mechanical simulator at a rate of 2.75 °C/s, soaked at 
850 °C for 30 sec, and pulled to around 5 ± 0.5 pct prestrain at a rate of 2 mm/min, as 
measured by a mechanically attached longitudinal extensometer. Following the prestrain, 
specimens were air cooled and transferred to a muffle furnace for aging. Interrupted creep 
and creep-rupture testing of as-aged specimens at 850 °C was also performed in the 
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Gleeble. The heating rate and soak time prior to load application were the same as the 
prestrained samples mentioned above. Minimum-contact stainless steel hot grips were 
used, resulting in a hot zone (840 °C ≤ T ≤ 850 °C) approximately 20 mm in length, as 
measured by secondary thermocouples during testing. All sample surfaces were ground to 
a 600 grit finish using SiC metallographic paper before testing. Interrupted creep and 
creep-rupture testing of prestrained specimens was performed in the Gleeble by 
combining the prestrain and creep testing setups described above. Samples were not 
cooled to room temperature after prestraining; the load was simply reduced to the 
appropriate value for creep. All creep tests were constant-load, with an initial applied 
stress of 100 MPa. It should be noted that the exposure/creep temperature chosen in this 
study is higher than the projected A-USC operating temperature (maximum of 760 °C), 
but some acceleration of testing was required due to time and equipment limitations. 850 
°C and 100 MPa are, however, within the range of creep conditions that have been 
extensively studied for this alloy1,5, and the combination of 850 °C with 100 MPa applied 
stress has been shown to induce CZ formation, per Figure 2-1.  
 
After rupture or test interruption at the times indicated in Table 2-2, the specimens were 
longitudinally cross sectioned, prepared using standard metallographic techniques, and 
electrolytically etched at 6 V in a solution comprised of comprised of 20 mL H3PO4 and 
150 mL H2SO4 saturated with CrO3. Regions of interest 250 µm by 500 µm were marked 
using 300 g Vickers microhardness indents. Specimens were then repolished, and an 
electron backscatter diffraction (EBSD) map of the marked region of interest on each 
specimen was acquired using a Hitachi 4300SE/N Schottky field emission scanning 
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electron microscope (SEM) at an operating voltage of 20 keV in combination with 
EDAX OIM EBSD collection software. The EBSD data was processed using EDAX 
OIM Data Analysis software. Grain dilation processing with a 3.5 ° point-to-point 
tolerance was used to accurately reconstruct the microstructure by accounting for the 
local orientation variations due to the high degree of deformation induced during creep. 
The analysis software was also used to calculate the total grain boundary length within 
each region of interest. Specimens were re-etched after EBSD, and secondary electron 
(SE) images covering the entirety of the 250 µm by 500 µm regions of interest were 
collected in the same microscope at the same operating voltage. Measurements of the 
length of grain boundaries displaying CZs in each region of interest were made using 
Image J. The length of grain boundaries containing CZs was then divided by the total 
grain boundary length measured via EBSD to produce a comparative metric for the 
evolution of the DC reaction between specimens – the percentage of grain boundary CZ 
coverage. Cracks and voids were not included in the analysis because they typically 
occupied less than 1 pct of the grain boundaries in the regions of interest. In one instance, 
cracks did occupy a significant fraction of the grain boundaries, so the results with and 
without the inclusion of cracks will be reported for that specimen. 
 
RESULTS AND DISCUSSION 
A. Validation of Testing Technique 
Before an in-depth analysis of CZ evolution could be conducted, it was first necessary to 
validate that the Gleeble-based testing technique and EBSD processing method presented 
above were capable of replicating the microstructural features observed previously in 
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creep-rupture specimens tested via traditional methods (Figure 2-1) and accurately 
representing the location and length of the grain boundaries in these specimens. Figure 2-
2 (A) presents a low magnification SE image of the region of interest in a single-pass 
GTA weld specimen crept for 50 h, with the pseudo-color EBSD map of the same region 
overlaid. Figures 2-2 (B-C) are higher magnification images of the regions indicated in 
Figure 2-2 (A). As shown by the arrows, regions of DC identical in morphology to those 
shown in Figure 2-1 (though smaller because of the shorter exposure time) are found in 
the Gleeble-tested specimen. Figure 2-2 also shows that the EBSD post-processing 
method is appropriate, as the locations of the reconstructed grain boundaries are correct 
with respect to both their shape, curvature, and location in the microstructure (at the 
intersections of obvious changes in substructure orientation in Figure 2-2 (A)). Note also 
that for all of the samples discussed in this work, between 3400 µm and 6700 µm of total 
grain boundary length were interrogated, ensuring statistical relevance of the resulting 
grain boundary coverage data.  
 
B. CZ Evolution in Single-Pass Autogenous Alloy 740H GTA Welds 
Figure 2-3 (A) presents a typical SEM micrograph of the single-pass GTA weld 
microstructure immediately after the DA treatment (i.e. no additional thermal or 
mechanical exposure). The microstructure consists of a fine dispersion of γ’ and grain 
boundary-decorating (Nb,Ti)C, which have been identified in previous work1,2,6–10. In this 
field, grain boundary colonies of elongated γ’ that are 500 nm to 1 µm in width are 
indicated. These colonies are consistent in morphology with a discontinuous reaction 
product, and because they have apparently formed during the initial aging treatment, it is 
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concluded that they have formed via discontinuous precipitation (DP)11,12. When applied 
to this specimen, the grain boundary analysis technique described above determined that 
4.4 pct of the grain boundary length in the region of interest in this specimen was 
occupied by DP colonies. This is therefore considered to be the ‘baseline’ susceptibility 
of this alloy to discontinuous reactions under this welding and heat treatment condition. 
DP is not observed in all precipitation strengthened alloy systems, so its presence in the 
as aged specimen reveals that alloy 740H is in general susceptible to discontinuous phase 
transformations. 
 
The remaining images in Figure 2-3 demonstrate the microstructural evolution in the 
direct aged GTA weld after varying creep times at 850 °C and 100 MPa. As shown, 
significant coarsening of the intragranular γ’ occurs, such that they are on the order of 
100 to 200 nm in size after 392 h of exposure. The variation in intragranular γ’ phase 
fraction (shown by the large local contrast variations), in coincidence with local 
composition differences in the dendritic substructure due to solute partitioning during 
non-equilibrium solidification of the weld, is clearly shown once the particles have 
coarsened. In addition, significant increases in the amount and width of grain boundary 
regions containing elongated γ’ are observed. These regions are consistent with those 
observed in prior analysis of alloy 740H creep specimens1 (e.g. Figure 2-1) and have 
clearly formed as a result of exposure beyond the initial DA treatment. They are therefore 
consistent with discontinuous coarsening. The data points labelled as ‘Creep’ in Figure 2-
4 present the results of the grain boundary analysis for the samples shown in Figures 2-3 
(B-F). As shown, grain boundary coverage by DC increases with time, after what appears 
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to be an incubation period of between 5 and 10 hours. By rupture, 46 pct of the analyzed 
grain boundary length was occupied by CZs. Final strain in this sample was measured by 
stereographic imaging of the fracture surface followed by area measurement using 
ImageJ. The measured reduction in area (RA) was 20 pct. These observations indicate CZ 
formation is either time dependent or strain dependent, as increased exposure times in 
creep correspond to increasing amounts of strain.  
 
In order to determine whether time at temperature (which has been shown to promote DC 
in some alloys13–15) or strain due to the mechanical loading is the primary cause of the 
CZs in this system, specimens from the same single-pass GTA weld were isothermally 
aged at 850 °C for times corresponding to the interrupted creep and creep-rupture tests. A 
typical microstructure from the weld after the longest isothermal age (318 h) is given in 
Figure 2-5 (A). As shown, there is minimal evidence of the type of CZs developed during 
creep and shown in Figure 2-3. As shown in Figure 2-4, the measured grain boundary CZ 
coverage was 2.4 pct after 318 h. This is close to the 4.4 pct baseline value for DP in this 
system noted above, and it is likely that the discrepancy is simply due to the choice of 
region of interest. Thus, time at high temperature alone will not induce significant CZ 
development in this alloy. Rather, the strain induced by creep deformation is the more 
important factor. While a strain-related driving force for discontinuous phase 
transformations has not been extensively described in the literature, it was advocated for 
by Rowe et. al. in their investigation of discontinuous precipitation in a Ti3Al-Nb alloy 
during creep16. 
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Next, it was desirable to understand the effect of plastic prestrain on CZ development. 
Plastic strain will be induced during cooling of welded joints, and factors such as joint 
design, welding process, etc. can significantly impact the magnitude of this strain17,18. 
Figure 2-5 (B) presents a typical grain boundary in a single-pass GTA weld specimen that 
was prestrained to approximately 5 pct at 850 °C and then crept to rupture (80 h). It is 
clear from this micrograph that significant CZ development has occurred, and that creep 
damage in the form of rounded void formation is associated with these locally soft 
regions, as reported previously1,3. Figure 2-4 summarizes the grain boundary coverage 
data for all specimens that were prestrained before creep. As in the case of the pure creep 
specimens, grain boundary coverage by DC increases with increasing time (strain), again 
after what appears to be an incubation period of between 5 and 10 hours. The CZ 
coverage at rupture for a prestrained specimen was 21 pct, and the RA was 8.3 pct. This, 
compared with the 46 pct CZ coverage and 20 pct RA for the rupture specimen without 
prestrain, provides further evidence that CZ content is strain controlled. It is 
acknowledged that comparisons of CZ evolution in ruptured specimens based on 
reduction in area requires the assumption that the bulk strain is evenly distributed through 
the specimens, which contain both base metal and weld metal. It is also recognized that 
microstructural differences (e.g. grain size) between the weld metal and base metal may 
result in a non-uniform distribution of strain. Because of this, the specific nature of the 
relationship between CZs and strain cannot be quantified. However, as demonstrated in 
this comparison and the comparisons below, the evidence presented in this work suggests 
a relationship between strain and CZ content at failure, so RA will be used as a readily 
available comparative parameter. Figure 2-4 also indicates that coarsened zone evolution 
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occurs faster in the prestrained samples as compared to samples that are crept without 
application of prestrain. Finally, the rupture life of the prestrained specimen (80 h) is 
significantly lower than that of the sample exposed only to creep (392 h). This is not 
unexpected, as it has been reported that plastic prestrain reduces the rupture performance 
polycrystalline superalloys (a specific example being Nimonic 80A tested at a similar 
temperature)19,20. The observed increase in propensity for CZ formation in these samples 
could have arisen because of the prestrain specifically, or it could also have come about 
simply because of an increase in the total strain experienced by these samples. 
 
To truly isolate the effect of prestrain on CZ development, an additional set of specimens 
were given the nominal 5 pct prestrain at 850 °C and then isothermally aged. A typical 
micrograph from one of these specimens, aged to match the rupture life of 80 h observed 
for the prestrained and creep specimen given in Figure 2-5 (B), is shown in Figure 2-5 
(C). Little evidence of CZs was seen in this specimen, and as shown in Figure 2-4, no 
significant change in measured CZ content was observed with time. This again confirms 
a lack of CZ dependence on time, and also indicates that the amount of CZs developed in 
alloy 740H welds during creep is most strongly influenced by the total strain applied to a 
sample, and prestrain appears to simply enhance the rate at which the CZs evolve.  
 
An explanation for these conclusions must lie with the mechanism and driving force for 
grain boundary motion during creep in this system, since grain boundary motion is a 
requirement for discontinuous coarsening11. It has been previously asserted that grain 
boundary sliding and migration during creep promote the formation of CZs in alloy 
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740H1. In order for this to be further substantiated, direct evidence that this type of creep 
deformation is occurring and an explanation for how grain boundary sliding and 
migration may interact in this system are needed. 
  
First, clear evidence that GBS is an operative creep deformation mechanism in this 
system is shown in the light optical micrograph of the base metal from a cross-weld 
creep-rupture specimen in Figure 2-6. The type of polygonal intergranular wedge 
cracking emanating from the triple points (as opposed to rounded intergranular voiding or 
transgranular cracking) has typically been identified as a direct consequence of grain 
boundary sliding when it cannot be sufficiently accommodated by one of a number of 
recovery processes19,21. The assertion that GBS occurs in this system is also supported by 
past observations that it is most likely to occur when intragranular deformation is 
hindered (e.g. by precipitation strengthening)21.  
 
Next, knowing that GBS is occurring in this system, the difference in susceptibility to CZ 
formation likely relates to the ability of the boundaries to migrate to accommodate the 
creep strain. It is commonly accepted that once a significant amount of deformation has 
accumulated at the grain boundaries due to sliding, the boundaries themselves may 
migrate to promote local recovery as opposed to nucleating a void or crack19,21. However, 
motion of a grain boundary can only occur after the driving force for migration has 
overcome the resisting force associated with the precipitates situated on the boundary. 
The force opposing grain boundary migration is expected to be given by22 
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where f is the volume fraction of precipitates intersecting a unit area of a grain boundary, 
γ is the boundary-particle interfacial energy, and r is the average radius of the particles 
intersection a unit area of the boundary. 
 
Grain boundaries in both the BM and WM in a cross weld creep specimen will 
experience a driving force for migration due to creep strain accumulation. However, the 
microstructural gradients present in the weld metal will produce local variations in the 
resisting force described above. The origin of these gradients is described in Chapter 3, 
where it is shown that they manifest as local differences in γ’ content both along and 
across the grain boundaries23. It follows that the resistance to grain boundary motion in 
the weld metal is significantly reduced along sections of the boundaries that contain less 
γ’ (i.e. the dendrite cores). This effect is borne out experimentally, as weld metal grain 
boundary segments with steep γ’ phase fraction gradients are shown in Chapter 3 to 
preferentially develop CZs23. In contrast, the lack of solidification-induced 
microstructural gradients in the base metal results in a uniform distribution of γ’ along all 
of the grain boundaries. As such, the resistance to grain boundary migration is in general 
more uniform than in the weld metal. The result of this is grain boundaries that are more 
resistant to migration and therefore either develop coarsened zones more slowly than the 
weld metal (as demonstrated by the lack of significant base metal CZ formation in Figure 
2-7 and Ref. 1) or crack before boundary migration occurs (as shown in Figure 2-6). 
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Finally, it is acknowledged that other effects, such as straightening of the highly curved 
solidification grain boundaries in the weld metal, could also contribute to the apparent 
increase in their mobility. However, evidence of significant grain boundary straightening 
was not seen in the EBSD maps of the samples exposed to the longest creep/aging times. 
Also, as reported, an increase in CZ content was not observed without strain, so 
straightening of the curved, as-solidified boundaries is unlikely to be a significant 
contributor to enhanced GBM. Furthermore, direct evidence of the influence of γ’ phase 
fraction gradients over grain boundary curvature is given in Figure 2-8. This figure 
presents an SEM micrograph of a weld metal grain boundary section overlaid with an 
electron backscatter diffraction (EBSD) map from the area around the CZ. As shown, the 
boundary has migrated toward the area of lower γ’ content, despite the resulting increase 
in grain boundary area. 
 
It is clear that the accommodation of creep strain drives the GBM, which leads to the 
conclusion that increases in strain would likely lead to increased CZ development, as 
observed experimentally. It is an important distinction that the active (time-dependent) 
strain drives these microstructural changes, and the inactive (pre-applied) strain by itself 
does not promote CZ development. Instead, pre-straining accelerates their development 
during creep, most likely by pre-exhausting some of the grain boundaries’ ability to 
deform and therefore increasing the driving force for local recovery via grain boundary 
movement21. Finally, it is worth acknowledging that specific models for the growth rate 
of DC colonies have been developed by many authors12,24–32. Although there has been no 
consensus reached as to which model is the most accurate, they typically involve a term 
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related to grain boundary diffusion, as this is the physical mechanism by which grain 
boundaries migrate during DC. As such a t0.5 time dependence of the growth rate of DC 
colonies is typically reported13–15. These studies, however, generally focus on well-
annealed grain structures, bicrystals, and/or alloy systems whose starting microstructure 
is a well-defined, aligned lamellar constituent24,25,31-34. As such, DC time-dependence can 
be readily observed and characterized. In this work, it is shown that strain 
accommodation is the driving force for GBM and therefore DC because increases in DC 
are not observed during thermal treatment alone. Therefore, direct evidence of a time 
dependence of CZ coverage is not seen. A DC growth rate dependence on the 
misorientation of the grain boundary (and therefore boundary energy and mobility) has 
also been demonstrated in many studies26,34-37. Observation of this effect is not trivial in 
the specimens investigated in this work, which contain three-dimensionally curved grain 
boundaries that are continuously variable in boundary character and energy, so no 
conclusions regarding the effect of boundary configuration on DC in this system can be 
reached. 
 
C. Characterization of Additional Creep-Rupture Specimens 
Having characterized the evolution of CZs in direct-aged single-pass GTA welds, a 
similar investigation of alloy 740H under different welding, processing, and 
compositional conditions was performed in order to test the effect of starting 
microstructure on CZ development and explore possible methods for mitigating DC. 
Descriptions of the additional specimens, as well as rupture times and measured RA at 
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failure, are given in Table 2-3. All specimens discussed below were tested to rupture in 
creep without prestrain at 850 °C in the Gleeble with an initial stress of 100 MPa.  
 
1. Assessment of CZ Mitigation Techniques 
Since it has been surmised that the DC reaction in alloy 740H fusion welds is exacerbated 
by the microstructural gradients induced by microsegregation during solidification1, a 
possible method for suppressing DC is post-weld homogenization heat treatment of the 
welds to eliminate microsegregation. Such a post-weld heat treatment (PWHT) has been 
shown to increase the creep-rupture performance of fusion welds involving this alloy’s 
predecessor, INCONEL alloy 740, for rupture times up to 10,000 h3. In addition, previous 
work has shown that a PWHT of 1100 °C for 4 h + water quench effectively 
homogenizes the alloy 740H weld metal microstructure2. This heat treatment, followed 
by an 800 °C for 4 h age, was applied to a single-pass GTA cross-weld specimen, which 
was then crept to failure. The rupture life of this specimen was 326 h, which was lower 
than the DA weld with a rupture life of 392 h. The CZ coverage and the reduction in area 
of this specimen were 59 pct and 22 pct, respectively, both of which are higher than the 
values observed for the DA specimen (46 pct and 20 pct, respectively). Once again, an 
increase in strain is shown to correlate with an increase in CZ content. The typical size 
and morphology of the CZs in this specimen is shown in Figure 2-9 (A). They are clearly 
larger than those developed in the DA weld and have covered a larger portion of the grain 
boundaries, both of which are indicative of an increase in the amount of grain boundary 
motion during creep. This enhanced grain boundary mobility may be due to dissolution of 
or breakaway from the boundary pinning carbides during the homogenization treatment. 
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Prior work has established that the primary MC carbides present after solidification do 
not dissolve at 1100 °C, so it most likely that the grain boundaries in this sample were 
more mobile because they had migrated away from these carbides during the PWHT2. 
Quantitative evidence for this is given in Figure 2-10, which presents statistics regarding 
the amount of grain boundary curvature in a single-pass GTA weld as a function of 
PWHT. This data was generated by using EBSD maps of areas on the order of 1 mm2 to 
determine the length of a curved grain boundary and then using ImageJ to measure the 
straight line length from the triple points that terminate the boundary. The metric of 
boundary curvature, defined as: 
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where Lcurved is the real length of the boundary in µm and Lstraight is the triple point-to-
triple point straight line length in µm, was then used to quantify the evolution of grain 
boundary curvature with heat treatment. Grain boundaries that intersected the edges of 
the EBSD field, were shorter than 10 µm long, or were metallographically sectioned such 
that they did not terminate at triple points were excluded from the analysis. The boxes 
presented in Figure 2-10 give the 25 pct to 75 pct interval for boundary curvature, the 
tails give the 5 pct to 95 pct interval, and the single line and single data point within the 
boxes give the median and mean of each dataset, respectively. The individual data points 
for each sample are displayed next to their respective boxes and are grouped into bins of 
10 pct curvature. The number of grain boundaries analyzed for each sample is shown at 
the top of each box. As shown, heat treatment at 1100 °C for 4 h induces significant grain 
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boundary straightening, which as described above, is likely to be occurring due to 
unpinning from MC carbides. These unpinned boundaries would then be freer to undergo 
strain-induced GBM during creep and promote the DC reaction. This would likely result 
in the observed reduction in rupture life when compared to the DA sample, as a larger CZ 
content would provide more available grain boundary area for strain localization and void 
nucleation.  
 
To isolate the effect of chemical homogenization by maintaining curved boundaries, a 
lower temperature heat treatment was designed and implemented. By leveraging previous 
thermodynamic and kinetic modeling of this system2, it was calculated that a PWHT of 
1100 °C for 10 min (to ensure dissolution of the high-solvus-temperature γ’ in the 
interdendritic regions), water quench, 1000 °C for 44 h, and water quench would achieve 
full homogenization. This heat treatment was applied to a GTA weld specimen, and the 
grain boundary analysis described above was repeated. As shown in Figure 2-10, this 
lower temperature heat treatment was effective in maintaining the distribution of curved 
grain boundaries present in the DA weld. Note that this data also shows the magnitude of 
the temperature required for significant grain boundary straightening, which supports the 
idea presented above that boundary straightening during creep at 850 °C would be 
insufficient to cause the boundary movement needed for DC at the time scales 
investigated here. The effectiveness of the lower temperature homogenization was 
verified via electron probe microanalysis (EMPA). Figures 2-11 and 2-12 show EPMA 
line scans across a series of dendrites in the alloy 740H weld metal before and after the 
low temperature homogenization treatment, respectively. As indicated, homogenization 
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of the compositional gradients is achieved. This heat treatment, followed by an 800 °C 
for 4 h age, was applied to a creep specimen and tested to failure. The rupture life of this 
specimen was 363 h, which is intermediate between the DA and high-temperature 
homogenization treated specimens (392 h and 326 h, respectively). A typical SEM 
micrograph from this specimen is given in Figure 2-9 (B). Grain boundary CZ content 
and RA were measured as 47 pct and 21 pct, respectively. This CZ content is 
significantly lower than the 59 pct observed in the specimen homogenized at 1100 °C and 
is very close to the value observed in the DA sample (46 pct). This indicates that the 
retention of curved grain boundaries via a lower temperature homogenization treatment 
did have the intended effect of reducing the propensity for grain boundary migration and 
CZ development. 
 
Further comparison of the solution treated specimens to DA samples can be made on the 
basis of location of damage accumulation within the samples. Figure 2-13 presents light 
optical micrographs of the full cross-section of the single-pass weld creep-rupture 
specimens in the DA, DA with prestrain, high temperature homogenized, and low 
temperature homogenized starting conditions. As shown, the DA single-pass weld with 
and without prestrain demonstrated significant damage accumulation in both the base 
metal and the fusion zone. In contrast, the homogenized single-pass welds (both high 
temperature and low temperature treatments) demonstrated primary damage 
accumulation in the base metal, while damage to fusion zone was minimal. As described 
above, the homogenization treatments were effective in eliminating microsegregation and 
therefore resulted in a uniform microstructure, with respect to composition and phase 
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fraction, in the weld metal of these specimens. However, a composite microstructure was 
still present within the gauge length because the grain size of the homogenized weld 
metal was significantly larger than that of the base metal38. As such, the base metal 
portion of the microstructure in homogenized specimens would be expected to exhibit a 
faster creep rate than the weld metal. This would lead to the observed preferential BM 
damage accumulation, BM grain boundary cracking, and reduced rupture life. This 
contrasts the DA specimen, where the microstructural gradients due to weld metal 
solidification promote creep damage accumulation in the weld metal by increasing the 
propensity for GBM. Base metal damage accumulation in the homogenized specimens is 
also consistent with the creep fracture behavior of post-weld solution annealed alloy 740 
(not 740H) multi-pass welds, in which the differences in grain size across the otherwise 
uniform microstructure ultimately led to failure in the base metal3. Despite these 
insightful comparisons, the composite microstructure mentioned above and seen in 
Figure 2-13 makes it difficult to reach a conclusion regarding the ability of 
homogenization treatment to significantly affect creep rupture life in these welds. It was 
therefore necessary to test specimens that contain only weld metal through the thickness 
of the gauge length in the DA and homogenized conditions. 
 
To accomplish this, strips of material approximately 2 mm thick by 10 mm wide were cut 
from the weld using wire electrical discharge machining (EDM). The EDM damage layer 
was removed by grinding to the same 600 grit surface finish as the full-size samples. The 
1100 °C for 4 h heat treatment was chosen for homogenization because it is more 
amenable to the boiler manufacturing process than the much longer term low temperature 
 71 
homogenization treatment described above. The rupture lives for the DA and 
homogenized then aged specimens were 479 h and 592 h, respectively. The RA of the 
samples were 17 pct and 18 pct and their CZ contents were 51 pct and 63 pct, 
respectively. These CZ coverage values are similar to the weld metal CZ contents in the 
corresponding ‘composite’ creep samples described above and once again show that CZ 
content scales with total strain. It is also surmised that part of the significant increase in 
CZ content in the homogenized specimen compared to the DA specimen results from 
increased grain boundary mobility in the weld metal after boundary breakaway from 
carbides and straightening during heat treatment. The specific influence of this effect was 
described above in relation to PWHT temperature. Representative micrographs of these 
specimens are given in Figure 2-14 and indicate similar CZ morphologies between the 
two specimens. While significant grain boundary CZ coverage was observed in both of 
these specimens because of the dependence of DC on strain in this system, the 23.5 pct 
improvement in rupture life is seen as evidence that removal of microstructural gradients 
by post-weld homogenization is in fact beneficial to single pass alloy 740H weld metal.  
 
Another plausible way to address the increased weld metal susceptibility to DC is 
compositional modification. Unfortunately, literature regarding discontinuous reactions 
offers no consistent or confident information as to which alloying elements promote these 
transformations11,12. However, as demonstrated in Figure 2-3, microsegregation during 
solidification creates severe microstructural gradients which likely promote DC in this 
system, so removal of a highly segregating alloying element was considered a logical first 
step. Nb is in general one of the strongest segregants during Ni-based alloy 
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solidification17, and this behavior has been confirmed via partition coefficient (k) 
measurements for the alloy 740H system2. As such, a Nb-free variant of alloy 740H was 
fabricated, and its composition is given in Table 2-1 as heat number HV1701. This alloy 
was designed using the Thermo-Calc and DICTRA software packages39, in combination 
with the TTNi7 and MOB2 thermodynamic and mobility databases40,41. The design target 
was an alloy with no Nb that contained nominally the same amount of γ’ as alloy 740H 
after the same DA heat treatment. As a result, HV1701 contains significantly more Al 
than the alloy 740H heats given in Table 2-1. Increases in Al were chosen over increases 
in Ti to maintain γ’ content because Al does not segregate as strongly during 
solidification2,17. It is recognized that Ti is significant segregant and therefore 
microstructural gradients are still expected to be present in the Nb-free material after 
aging. However, since the objective of creating this alloy was to assess specifically the 
effect of Nb, the Ti content was left at approximately the same level as in alloy 740H. 
After a DA treatment of the single-pass weld on alloy HV1701, a cross-weld specimen 
was extracted and crept to rupture in the Gleeble in the same manner as the previous 
tests. A typical SEM micrograph of a grain boundary in this specimen after rupture is 
shown in Figure 2-9 (E). This sample exhibited only 15 pct grain boundary CZ coverage, 
and the CZs that were observed were narrower than those observed in the alloy 740H 
specimens. However, the rupture life of the HV1701 specimen was the shortest of any in 
this study at 66 h, and therefore the total amount of strain (which is postulated to be the 
factor most influential to CZ formation) was lower than in the alloy 740H specimens, as 
given in Table 2-3. Reasons for the reduced rupture life of alloy HV1701 include a 
reduction in solid solution strengthening due to the Nb removal and a reduction in 
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precipitation strengthening due to reduced γ’ content. As described above, the alloy was 
designed to contain the same amount of γ’ as an alloy 740H single pass weld after direct 
aging, but chemical analysis of the material (Table 2-1) indicated that the plate produced 
was leaner than designed in the other γ’ formers – Al and Ti. As a result, thermodynamic 
calculations indicate that the material likely contains approximately 12 at pct γ’, as 
compared to the 15 at pct calculated to be present in the 740H heat 2127JY, which is also 
given in Table 2-1. This would likely lead to more intragranular deformation during 
creep, so less accommodation of grain boundary creep damage via GBM would be 
necessary21. Thus, as in nearly all of the available literature on discontinuous 
transformations, the effect of the removal of a single alloying element from a complex 
alloy system could not be concluded with certainty based on the limited alloy design 
space explored here. Further compositional adjustment in a Nb-free alloy would be 
necessary to even the microstructural playing field and allow one-to-one comparisons so 
that the true effect of Nb could be established. 
 
2. Considerations for Welds in A-USC Plants 
It is acknowledged that in-service joints involving alloy 740H will be multi-pass welds, 
so to complete the picture of the microstructural evolution of alloy 740H during creep, 
Gleeble creep-rupture specimens were extracted from a multi-pass GTA weld and crept 
under the same conditions as the single-pass samples. Typical micrographs from such 
specimens tested in the DA and homogenized (at 1100 °C for 4 h then aged conditions 
are given in Figures 2-9 (C-D). The measured CZ coverage for these specimens was 21 
pct (30.5 pct with the inclusion of cracks that clearly formed along CZs in the region of 
 74 
interest) and 34 pct, respectively, and their rupture lives were 97 h and 249 h, 
respectively. As in the case of this alloy’s predecessor, post-weld homogenization 
induced complete recrystallization in the weld metal3. This is qualitatively indicative of 
the large degree of residual plastic strain from welding, and it is therefore likely that the 
increased rupture life of the homogenized multi-pass weld is due in part to the strain-free 
microstructure developed during recrystallization. These results are consistent with the 
behavior described above for prestrained single-pass weld specimens, where prestraining 
reduced the rupture life from 392 h to 80 h. The homogenized specimen also experienced 
greater ductility, as indicated by the RA values at rupture given in Table 2-3. The relative 
amount of grain boundary CZ coverage in these two specimens is therefore also 
consistent with observations of the single-pass specimens, whereby increases in CZ 
content are seen with increased creep strain. Finally, since the nature of Gleeble-based 
creep testing confines failure to within the hot zone, the homogenized multi-pass 
specimen fractured in the weld metal, unlike the post-weld solution annealed multi-pass 
weld mentioned above, which failed in the base metal3. This allows for a direct 
observation of the effect of homogenization treatment on a multi-pass fusion zone, and it 
can therefore be seen that homogenizing full-scale alloy 740H fusion welds has a positive 
effect on both creep rupture life and elongation in the time/temperature/stress regime 
reported here. This is in good agreement with the behavior of the thin-strip single pass 
welds described above. In those specimens, a 23.5 pct increase in rupture life was 
observed and was due solely to the elimination of microstructural gradients via heat 
treatment. In the case of the multi-pass welds, further improvement in creep rupture 
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performance (a 156 pct increase in rupture life) is realized because of the microstructural 
homogenization in combination with the impact of weld metal recrystallization.  
 
CONCLUSIONS 
The microstructural evolution of INCONEL alloy 740H fusion welds during creep 
has been investigated, with specific attention paid to the development of grain boundary 
γ’-coarsened zones due to discontinuous coarsening and the effects of processing and 
composition on coarsened zone development and rupture life. Based on the findings 
presented here, it is concluded that: 
 
1. The most significant factor to the development of CZs in alloy 740H appears to be 
the total strain experienced by a specimen. The amount of grain boundaries 
covered with CZs   increased beyond the initial amount of DP in this system only 
for specimens that were subject to creep deformation. 
 
2. Prestrain accelerates CZ formation and reduces rupture life in alloy 740H single-
pass fusion welds, likely by pre-exhausting some of the available grain boundary 
damage accumulation and therefore enhancing the driving force for strain-induced 
boundary migration. Prestrain and aging alone do not enhance CZ formation. 
 
3. High temperature homogenization treatment of a single-pass alloy 740 GTA weld 
significantly increased the propensity for CZ formation by allowing grain 
boundaries to unpin from carbides and therefore migrate more easily during creep. 
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Lower temperature homogenization retained pinned grain boundaries and resulted 
in a significantly reduced CZ content which was on par with that of the direct-
aged weld. 
 
4. The location of damage accumulation in the homogenized and direct aged 
specimens indicated that normalizing the chemical and phase fraction gradients in 
the microstructure via homogenization promoted increased damage accumulation 
in the finer-grained base metal, which led to reduced rupture life as compared to 
direct-aged ‘composite’ specimens. 
 
5. Testing of thin single-pass GTA weld specimens that had weld metal through the 
thickness revealed that the elimination of microstructural gradients significantly 
increased weld metal rupture life, but CZ development still occurred because of 
their demonstrated strain dependence  in this alloy. 
 
6. A reduction in Nb may reduce the propensity for DC in alloy 740H, but 
microstructural changes caused by Nb removal obfuscate the actual relationship 
between Nb and DC. Additional study of the effect of Nb by slightly adjusting 
alloy composition to retain solid solution strengthening, maintain an appropriate 
quantity of γ’, and restore primary carbide content could eliminate these 
confounding effects. 
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7. Post-weld homogenization of a multi-pass alloy 740H GTA weld resulted in an 
improvement in rupture life and enhanced ductility, at the expense of increased 
CZ content. These effects are likely related to the interplay of strain relief due to 
recrystallization and enhanced grain boundary mobility due to boundary 
breakaway from carbides during heat treatment. 
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Figure 2-1: Typical grain boundary feature observed in alloy 740H multi-pass GTA 
cross-weld specimen after creep rupture at 850 °C with 100 MPa applied stress. tr = 224 h 
 
 
Figure 2-2: Typical results from Gleeble-based interrupted creep testing of single-pass 
alloy 740H GTA weld at 850 °C with 100 MPa applied stress. (A) Secondary electron 
micrograph of typical area of analysis with overlaid EBSD map. (B) Secondary electron 
micrographs showing discontinuous coarsening along grain boundaries. Creep exposure 
time = 50 h. 
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Figure 2-3: Typical grain boundary features in INCONEL alloy 740H single-pass GTA 
weld. (A) As aged at 800 °C for 4 h. (B-F) After creep at 850 °C with 100 MPa applied 
stress for 5, 10, 25, 50, and 479 h. Examples of discontinuous precipitation (DP) and 
discontinuous coarsening (DC) highlighted. 
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Figure 2-4: Evolution of grain boundary coarsened zone coverage in alloy 740H single-
pass GTA weld during creep. 
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Figure 2-5: Typical grain boundary features in INCONEL alloy 740H single-pass GTA 
weld. (A) After isothermal age at 850 °C for 318 h. (B) After 5% prestrain and creep at 
850 °C with 100MPa applied stress for 80 h. (C) After 5% prestrain and isothermal age at 
850 °C for 80 h. Example of discontinuous coarsening (DC) highlighted. 
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Figure 2-6: Intergranular wedge cracking in base metal of alloy 740H cross-weld 
specimen after creep rupture without prestrain. tr = 392 h. 
 
 
Figure 2-7: SEM micrograph of typical grain boundary features in alloy 740H base metal 
after creep at 850 °C for 318 h. Continuous coarsening of the grain boundary γ’ has 
occurred, but coarsened zones of the morphology created by discontinuous coarsening are 
much less pervasive than in the weld metal.  
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Figure 2-8: Scanning electron micrograph of a CZ in an alloy 740H fusion weld crept at 
850 °C with a 100 MPa applied stress for 318 h. Micrograph is overlaid with electron 
backscatter diffraction map of the CZ. Direction of grain boundary migration/CZ growth 
indicated. 
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Figure 2-9: Typical grain boundary features in creep-rupture specimens. INCONEL 740H 
single-pass GTA weld (A) homogenized at 1100 °C for 4 h, water quenched, and aged, 
(B) homogenized at 1100 °C for 10 min, 1000 °C for 44 h, and aged. INCONEL 740H 
multi-pass GTA weld (C) direct aged, (D) homogenized at 1100 °C for 4 h and aged. (E) 
Nb-free HV1701 direct aged. All specimens crept to rupture at 850 °C with 100MPa 
applied stress. 
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Figure 2-10: Effect of heat treatment on grain boundary curvature in single-pass GTA 
welds. 
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Figure 2-11: Compositional variation across the substructure in as-welded alloy 740H. 
(A) Light optical micrograph of region of interest. Vickers microhardness indents used as 
field markers, and line indicates exact location of EPMA trace. (B) EPMA trace showing 
variation in major alloying elements across the dendrites indicated in (A). (C) EPMA 
trace showing variation in γ’-forming elements across the dendrites indicated in (A). 
Error bars represent 95 pct confidence interval. 
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Figure 2-12: Compositional variation across the substructure in single-pass alloy 740H 
GTA weld after post-weld heat treatment of 1100 °C, 10 min, water quench, 1000 °C, 44 
h, water quench. (A) Light optical micrograph of region of interest. Vickers 
microhardness indents used as field markers, and line indicates exact location of EPMA 
trace. (B) EPMA trace showing variation in major alloying elements across the dendrites 
indicated in (A). (C) EPMA trace showing variation in γ’-forming elements across the 
dendrites indicated in (A). Error bars represent 95 pct confidence interval. 
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Figure 2-13: Light optical micrographs of cross-sectioned alloy 740H single-pass 
autogenous GTAW cross-weld creep specimens after rupture, showing locations of 
damage accumulation. Post-weld heat treatment were: (A) Direct-age, (B) 
Homogenization at 1100 °C, 4 h, water quench, age, (C) Direct age, 5% prestrain before 
creep, and (D) Homogenization at 1100 °C, 10 min, water quench, homogenization at 
1000 °C, 44 h, water quench, age. All specimens crept at 850 °C with 100 MPa applied 
stress.  
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Figure 2-14: Typical grain boundary features in thin-strip alloy 740H GTA weld creep-
rupture specimens. (A) Direct aged, and (B) homogenized at 1100 °C for 4 h, water 
quenched, and aged. Specimens crept to rupture at 850 °C with 100 MPa applied stress. 
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
  
Table 2-1: Compositions of alloys investigated in this study, as measured via 
wet chemical/OES analysis. Values given in wt pct. 
Heat 
Number 
Ni Cr Co Nb Ti Al Mo Fe Si 
2127JY 50.08 24.60 20.19 1.51 1.36 1.34 0.01 0.24 0.14 
HV1278 49.17 24.35 20.08 1.53 1.45 1.28 0.53 1.07 0.20 
HV1219 50.20 23.90 19.40 1.52 1.28 1.31 0.54 1.10 0.22 
HV1701 51.54 24.81 20.32 0.01 1.42 1.43 0.036 0.07 0.16 
          
Heat 
Number 
C Mn V W Zr Ta P Cu S 
2127JY 0.05 0.29 0.009 0.043 0.023 0.008 0.007 0.03 <0.001 
HV1278 0.05 0.30 0.007 0.008 0.020 <0.001 0.002 <0.001 - 
HV1219 0.05 0.29 0.006 0.013 0.018 <0.001 0.002 0.11 0.001 
HV1701 0.04 0.002 0.007 0.043 - 0.008 0.004 0.01 0.001 
Table 2-2: Test matrix for Gleeble-based interrupted creep and creep-rupture testing of INCONEL alloy 740H cross-weld 
specimens. 
Heat Weld Type 
Post-Weld 
Heat Treatment 
Prestrain, pct 
Applied Stress, 
MPa 
Time, h 
(R = rupture) 
2127JY 
Single pass 
autogenous 
GTA weld 
Direct Age: 
800 °C, 4 h 
air cool 
0 
0 1, 5, 10, 318 
100 1, 5, 10, 25, 50, 318, 392 (R) 
5 ± 0.5 
0 1, 5, 10, 80 
100 1, 5, 10, 25, 50, 80 (R) 
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Table 2-3: Test matrix for additional Gleeble-based creep-rupture testing of cross-weld specimens. 
Heat Weld Type 
Post-Weld  
Heat 
Treatment 
Rupture Life, 
h 
RA at Failure 
(pct) 
2127JY 
Single pass autogenous 
GTAW 
1100 °C, 4 h 
water quench 
 
Age* 
326 22 
1100 °C, 10 min 
water quench 
 
1000°C, 44 h 
water quench 
 
Age* 
363 21 
Single pass autogenous 
GTAW, through-
thickness weld 
Direct Age 479 17 
1100 °C, 4 h 
water quench 
 
Age* 
592 18 
HV1278 (Base metal) + 
HV1219 (Filler metal) 
Multipass GMAW 
Direct Age 97 11 
1100 °C, 4 h 
water quench 
 
Age* 
249 14 
HV1701 
Nb-free, Single pass 
GTAW 
Direct Age 66 19 
*Age: 800 °C, 4 h, air cool 
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3. CHARACTERIZATION OF DISCONTINUOUS COARSENING 
REACTION PRODUCTS IN INCONEL® ALLOY 740H® 
FUSION WELDS
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ABSTRACT 
Characterization of γ’ coarsened zones (CZs) in alloy 740H fusion welds via a variety of 
electron microscopy techniques was conducted. The effects of solute partitioning during 
non-equilibrium solidification on the variation in the amount of the strengthening 
precipitates along the length of the grain boundary has been evaluated via electron probe 
microanalysis and scanning electron microscopy. Electron backscatter diffraction has 
been used to present evidence for the preferential growth of CZs towards regions of lower 
γ’ content, even if growth in that direction increases grain boundary area. Scanning 
electron microscopy and image analysis have been used to quantify the propensity for 
CZs to develop along certain segments of the grain boundaries, as governed by the local 
variations in γ’ content. Scanning transmission electron microscopy with X-ray energy 
dispersive spectrometry was used to assess the compositions of the matrix and precipitate 
phases within the coarsened zones and to quantify the segregation of alloying 
components to the reaction front. Thermodynamic and kinetic modeling were used to 
make comparisons between calculated and experimental compositions. The work 
presented here provides new insight into the progression of the discontinuous coarsening 
reaction in a complex engineering alloy. 
 
INTRODUCTION 
Grain boundary sliding/grain boundary migration-assisted discontinuous coarsening of 
the γ’ phase has been identified as the mechanism of grain boundary γ’ coarsened zone 
(CZ) formation in INCONEL® alloy 740H® fusion weld creep rupture specimens 
(INCONEL and 740H are registered trademarks of Special Metals Corporation)1. The 
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presence of these CZs has been linked to a weld strength reduction in creep of about 30 
pct, and their development has been correlated with operational and processing 
conditions such as creep strain, composition, and post weld heat treatment (Chapter 2)2.  
 
Discontinuous precipitation (DP) and discontinuous coarsening (DC) reactions have been 
identified and studied in the literature for many decades, but most of the in-depth 
characterization of the reaction products has been performed on simple alloy systems 
(e.g. binaries and ternaries), well annealed, strain-free microstructures, and/or bicrystals3–
8. Regions consistent with DP/DC have been identified in more complex systems such as 
NIMONIC® 80A9 (NIMONIC is a registered trademarks of Special Metals Corporation), 
but characterization of these regions has not been explored in a great degree of detail. 
Furthermore, a practical solution for the mitigation of these reactions in such complex 
engineering alloys has yet to be proposed.  
 
As demonstrated by previous work, discontinuous phase transformations continue to be a 
significant problem, with real consequences to the performance of materials for the 
energy, automotive, and aerospace industries1,2,4,6,8,10. Unfortunately, engineering alloys, 
especially nickel-based superalloys like alloy 740H, are very complex systems whose 
discontinuous phase transformation characteristics likely cannot be fully described by the 
available DP/DC theories. The many complicating factors associated with an alloy 
system that contains more than 10 components, compositional inhomogeneities from 
solidification, continuous precipitation of multiple phases, and has been subject to long-
term high temperature plastic deformation are likely to make it very difficult to fully 
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characterize the discontinuous reactions that occur, even if there were a well-agreed upon 
set of driving forces, transformation mechanisms, and microstructural characteristics 
available in the literature. However, because colonies of DC have been shown to affect 
in-service performance in alloy 740H weld metal, in-depth characterization of these 
regions to understand why they form and how to mitigate them in this system is 
warranted. Thus, the main objective of this work is to characterize the growth behavior of 
DC colonies with respect to the local microstructural variations in alloy 740H weld metal 
in order to assess the effect of microstructural conditions characteristic of the fusion 
welding process (e.g. microsegregation) on their development. In addition, to gain further 
insight into the development of discontinuous reaction colonies in engineering alloys and 
attempt to identify whether certain alloying additions promote the DC reaction, is it 
desirable to compositionally characterize the matrix-matrix and matrix-precipitate 
interfaces in the DC reaction zone of select alloy 740H creep-rupture specimens. By 
addressing these objectives, new insights into the evolution of discontinuous reaction 
products in complex systems will be gained.   
 
 
EXPERIMENTAL PROCEDURE 
Creep testing and microstructural characterization presented in this work were performed 
on automated single-pass autogenous bead-on-plate gas tungsten arc (GTA) welds 
produced at Lehigh University and a multi-pass manual GTA weld produced at Special 
Metals Corporation in Huntington, WV. The parameters used to fabricate these welds are 
given in Table 3-1. The compositions of the investigated alloys are given in Table 3-2. 
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The single pass welds were fabricated on heats 2127JY (alloy 740H) and HV1701 (a Nb-
free variant of alloy 740H), and the multi-pass weld was fabricated using heats HV1278 
(alloy 740H wrought base metal) and HV1219 (alloy 740H filler metal).  
 
Cross-weld specimens in the form of 10 x 10 x 75 mm (H x W x L) bars with threaded 
ends were extracted from the aforementioned welds for interrupted creep and creep-
rupture testing. The matrix for this testing is shown in Table 3-3. As given in Table 3-2 
and Table 3-3, most specimens were tested in the direct-aged condition (aged at 800 °C 
for 4 h and air cooled immediately after welding), while one sample was given an 1100 
°C for 4 h homogenization heat treatment in air using a Fisher Isotemp 550 muffle 
furnace after welding. After homogenization, this specimen was water quenched and then 
given the 800 °C for 4 h, air cool aging treatment. Creep testing was performed at 850 °C 
in a Gleeble 3500 thermal-mechanical simulator. Specimens were heated to the test 
temperature at a rate of 2.75 °C/s and soaked at temperature for 30 sec prior to applying 
the stress. All creep tests were constant-load, with an initial applied stress of 100 MPa, 
calculated using the specimens’ initial cross-sectional area. Minimum-contact stainless 
steel hot grips were used, resulting in a hot zone (840 °C ≤ T ≤ 850 °C) approximately 20 
mm in length, as measured by secondary thermocouples during testing. All sample 
surfaces were ground to a 600 grit finish using SiC metallographic paper before testing. 
Due to the differences in weld configuration and penetration depth of the single pass 
weld, the multipass creep specimens had weld metal through their thickness, while the 
single pass weld specimens were approximately 20 pct weld metal and 80 pct base metal. 
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After rupture or test interruption at the times indicated in Table 3-3, the specimens were 
longitudinally cross sectioned, and regions of interest 250 µm by 500 µm were marked 
using 300 g Vickers microhardness indents. The specimens were prepared using standard 
metallographic techniques and electrolytically etched at 6 V in a solution of 20 mL 
H3PO4 and 150 mL H2SO4 saturated with CrO3. Secondary electron (SE) images covering 
the entirety of the 250 µm by 500 µm regions of interest were collected using a Hitachi 
4300SE/N Schottky field emission scanning electron microscope (SEM) at an operating 
voltage of 20 keV. Measurements of the length of grain boundaries covered in γ’ CZs in 
each region of interest were made using Image J. Despite their predisposition to occur on 
grain boundaries that contain CZs1,2, cracks and voids in the regions of interest were not 
included in this analysis because it was not known with certainty whether the boundaries 
that contained cracks and/or voids previously contained CZs. Additional analysis 
included electron backscatter diffraction (EBSD) mapping of several coarsened zones, 
using the same microscope and operating conditions in combination with EDAX OIM 
EBSD collection software. Post-processing of the EBSD data was performed using 
EDAX OIM Data Analysis software and involved generation of pseudo-color maps with 
a 3.5° point-to-point tolerance to accurately reconstruct the microstructure while also 
removing the effects of local orientation variations due to the high degree of deformation 
induced during creep. 
 
In addition, micron-scale compositional analysis in the area of the grain boundaries in as-
solidified alloy 740H weld metal was performed using wavelength dispersive 
spectrometry (WDS) in a JEOL JXA-8900R electron microprobe operated at 15 keV with 
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a probe current of 49.65 ± 0.04 nA. Mn, Fe, Ni, and Co WDS counts were collected using 
a LiF spectrometer. Nb, Ti, and Cr were collected using a pentaerythritol (PET) 
spectrometer. Si and Al were collected using a thallium acid pthalate (TAP) spectrometer. 
The collection times for the elements listed above (in the order listed) were: 20, 20, 50, 
50, 60, 50, 30, 60, and 60 s. ZAF correction using the Armstrong/Love-Scott model 
defined by Armstrong11 was used to convert the raw count data to elemental 
concentrations, and calculations of the peak-intensity-based 95 pct confidence interval for 
each measurement were performed. Elemental totals were consistently around 98 pct due 
to the exclusion of minor alloying elements from the analysis. 
 
Further advanced microstructural characterization was performed on several samples, 
denoted in Table 3-3, using focused ion beam (FIB) and scanning transmission electron 
microscopy (STEM) techniques. An FEI Scios dual beam FIB with a Ga ion source 
operated at 30 keV was used to extract and thin cross-sections of grain boundaries 
containing CZs to electron transparency. After FIB thinning, the specimens were Ar ion 
milled in a Fischione NanoMill 1040 at an accelerating voltage of 900 eV for 20 min to 
remove Ga ion damage. Microstructural analysis via imaging and nano-scale 
compositional analysis using X-ray energy dispersive spectrometry (XEDS) of the 
thinned specimens was carried out using a JEOL ARM 200CF STEM operated at 200 
keV. The probe current used for imaging and X-ray collection was either 220 pA or 303 
pA, and the manufacturer-reported XEDS spatial resolution was 0.5 nm. EDS line scans 
were collected using a step size of either 0.5 or 1 nm with a dwell time of either 15 or 20 
s per point, and area scans were collected with a 300 s dwell time. Variations in probe 
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current and dwell time between scans were accounted for by quantifying the raw X-ray 
data using the iterative ζ-factor method developed by Watanabe12. This allows the 
quantified X-ray results from different scans to be directly compared. X-ray counts for all 
elements were based on their respective Kα peaks.  
 
 
RESULTS AND DISCUSSION 
A. Grain Boundary Configurations in As-Solidified Weld Metal 
During non-equilibrium solidification, solute partitioning creates local variations in 
composition throughout the solidification substructure. When columnar dendrites form as 
part of this substructure, dendrites within the same grain will grow parallel to each other. 
In a solidifying polycrystalline material where grains grow epitaxially into the liquid 
from unmelted parent grains (e.g. weld metal solidification), the orientation of the 
dendrites in a grain is determined by the crystallography of its parent grain. It is therefore 
expected that epitaxial non-equilibrium solidification from a non-textured, random 
polycrystal will result in grains whose dendrites are randomly oriented with respect to 
those in neighboring grains. It follows, then, that when two such randomly oriented 
solidifying grains meet to form a grain boundary, a combination of compositional 
variation within each grain and slight grain boundary movement during cooling after 
solidification will produce large variations in cross-boundary composition. In most cases 
(because composition across a dendrite generally changes gradually until the 
interdendritic region is reached13,14), three types of cross-boundary composition profiles 
will be present. There will be areas of 1) near constant composition where two dendrite 
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cores lie across the boundary from each other (core-core or ‘CC’ configuration), 2) near 
constant composition where two interdendritic regions meet across the boundary from 
each other (interdendritic-interdendritic or ‘II’ configuration), and 3) steeply varied 
composition where a dendrite core and an interdendritic region lie across the grain 
boundary from each other (interdendritic-core or ‘IC’ configuration). Examples of these 
cases are given in Figure 3-1, which presents a backscattered electron image from a grain 
boundary in as-solidified alloy 740H, and Figure 3-2, which presents electron microprobe 
traces across the three boundary configurations indicated in Figure 3-1. Figure 3-2 
focuses on the Al, Ti, and Nb content across the boundary in each of the aforementioned 
local boundary configurations because these are the elements that contribute most 
strongly to γ’ precipitation in alloy 740H. As anticipated, the case in which a dendrite 
core intersects an interdendritic region at the grain boundary produces a sharp gradient in 
as-solidified Ti and Nb content across the boundary. The variation in Al is not very large 
because Al does not segregate highly during solidification13,15.  
 
The consequences of this local variation in γ’-former content in alloy 740H weld metal 
manifest during sub-solidus cooling through the austenite + γ’ phase field and during 
subsequent age hardening. γ’ is known to precipitate quickly (even at the high cooling 
rates experienced after welding) in many systems, including alloy 740H as shown in 
Chapter 22. Thus, because areas enriched in the γ’ formers will have a higher γ’ solvus 
temperature, some precipitation of γ’ during weld metal cooling after solidification will 
occur, beginning in the interdendritic regions and concluding in the dendrite cores13. The 
difference in γ’ solvus between solute-rich interdendritic regions and solute-depleted 
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dendrite cores can be up to several hundred degrees13, so significant growth of the first-
formed γ’ (in the interdendritic regions) may occur during cooling. The result of this is an 
as-solidified microstructure that contains a gradient in both γ’ phase fraction (because of 
the differences in local compositions) and average size (because of growth after 
precipitation). This microstructure will persist after aging, as shown in Figure 3-3. Note 
that the γ’ phase fraction is relatively high on each side of the boundary for the I-I case 
and relatively low on each side of the boundary for the C-C case. The γ’ phase fraction 
varies significantly across the boundary for the I-C condition. These different 
microstructural conditions may favor the type of grain boundary discontinuous 
coarsening reactions observed in alloy 740H. The propensity for CZ formation in alloy 
740H during creep was related to creep strain accommodation by grain boundary 
migration (GBM) in Chapter 22. Therefore, differences in γ’ size and phase fraction 
across a grain boundary, which translate to differences in particle pinning effects, may 
promote enhanced boundary mobility in the direction of lower γ’ content. This, coupled 
with the inherent driving force for coarsening when small precipitates in a dendrite core 
are in the immediate vicinity of larger precipitates across a known short-circuit diffusion 
path such as a grain boundary, create a microstructural condition that is supportive of 
directional coarsening reactions like DC. 
 
B. Correlation of Coarsened Zone Development to Grain Boundary Configuration 
As part of the analysis used in Chapter 2 to quantify the amount of grain boundary CZ 
coverage in alloy 740H creep specimens2, the length of CZs occurring along each of the 
three types of boundary configurations described above was determined for 20 
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specimens. These values were then normalized to the total fractions of CC, IC, and II 
boundaries (with and without CZs) in one specimen. The specimen used for 
normalization contained 4.5 mm of total grain boundary length, which is believed to be 
enough boundary length to provide a sufficiently representative sample. The total 
measured fractions of each boundary type in this sample were: CC – 0.22, IC – 0.30, II – 
0.48. The variation in these fractions, and specifically the observation that the II 
configuration is most common, is consistent with the characteristics of grain growth 
during weld metal solidification. As discussed above, differences in the orientation of 
neighboring grains leads to the three types of boundary configurations. It does not imply, 
however, that the fraction of each boundary type will be equal, because competitive grain 
growth during solidification occurs in the direction of the largest temperature gradient 
and will therefore follow the moving heat source (i.e. the welding arc). This results in 
changes in the physical direction of grain growth to align the grains along the length of 
the weld16. Consequently, when two neighboring grains’ substructures run parallel, the 
grain boundary that forms between them is most likely to form from solute-rich liquid, 
thus producing an II boundary configuration. The CC and IC configurations would not be 
favored during this regime of solidification, so their presence in significant fractions is 
attributed to sampling areas of non-parallel grain growth. 
 
The normalized fraction of grain boundaries in each configuration that contained CZs 
across the 20 interrogated samples was then determined by: 
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where 01
23 is the fraction of grain boundaries in configuration i containing CZs, 1
23 is the 
total length of boundaries in configuration i that exhibit CZs, 01
;<= is the total fraction 
of grain boundaries in configuration i (with and without CZs), and >? is the total grain 
boundary length in all analyzed samples. The results of this analysis are presented in 
Figure 3-4. As shown, there is a clear preference for CZ growth along boundary sections 
in the IC configuration. Approximately 25 pct of these boundaries were shown to contain 
CZs, which only around 10 pct of boundaries in each of the CC and II conditions 
contained CZs. Chapter 2 asserted that the increased susceptibility of alloy 740H weld 
metal to DC (as compared to wrought alloy 740H) stems from the microstructural 
gradients that develop in the weld metal, as described above. Specifically, it was argued 
that the local differences in γ’ content result in local variations in the grain boundary 
mobility, which in turn increase the ability of grain boundaries to migrate to 
accommodate creep strain. This grain boundary migration was then thought to serve as 
the source of moving grain boundaries required for the DC reaction2. The current 
observation of increased propensity for CZ formation along IC boundary segments is 
therefore a logical extension of that argument, insomuch as the boundary segments with 
the sharpest microstructural gradients are the segments which are likely to experience the 
most strain localization during creep and migrate most easily because of the reduced γ’ 
fraction on the core side of the boundary. Further discussion of the grain boundary 
migration tendencies during DC in alloy 740H is presented in the following section. CC 
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and II boundary segments are also subject to CZ development because of creep strain 
localization, but the localization of strain along those segments likely results from only 
the slowing dislocation motion by the crystallographic boundary. Thus, the driving force 
for GBM along those segments is expected to be lower than along IC segments, and the 
measured fraction of CZs along CC and II segments is correspondingly lower than along 
IC segments.  
 
It is acknowledged that there is some inherent subjectivity involved in the determination 
of whether a particular region is closer in γ’ phase fraction to a dendrite core or 
interdendritic region, and that this judgement is made qualitatively. However, the obvious 
differences in γ’ content throughout the substructure (see Figure 3-3) and the quantity of 
grain boundaries analyzed (nearly 10 cm) appear to be large enough to justify identifying 
individual regions as consistent with an interdendritic region or a dendrite core.  
 
C. Correlation of Coarsened Zone Growth Direction to Grain Boundary 
Configuration 
Evidence in the preceding section led to the conclusion that the sharp change in 
microstructure across IC boundaries promotes the DC reaction in general on IC boundary 
segments. In this section, electron microscopy techniques are used to address how those 
same microstructural gradients affect the motion of grain boundaries in each 
configuration during DC. Prior work has demonstrated the asymmetry of the coarsened 
zones in alloy 740H about their respective grain boundaries and shown that, at short 
creep times, they grow preferentially into one of the grains adjacent to the boundary1. 
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Further evidence of this, with specific attention paid to the local microstructures adjacent 
to the grain boundaries, is presented in Figure 3-5. The images shown are secondary 
electron images taken from alloy 740H weld metal interrupted creep specimens overlaid 
with EBSD maps collected from the area adjacent to the CZs. Figures 3-5 (A-B) 
demonstrate the typical growth direction for CZs occurring along IC portions of the grain 
boundaries in these specimens. The CZs were observed to primarily grow into the side of 
the boundary containing a dendrite core (and therefore a lower volume fraction of γ’).  
 
Chapter 2 asserted that the observed differences in CZ content of alloy 740H base metal, 
direct aged weld metal, and homogenization heat treated weld metal after creep are 
related to the relative ease of and propensity for creep strain accommodation by grain 
boundary migration2. Figure 3-5 is consistent with this theory, as it demonstrates a 
preference for CZ growth along IC boundary segments in the direction of least 
microstructural resistance (i.e. increased mobility), despite an apparent increase in grain 
boundary area caused by that growth. In addition, the preference for DC growth into the 
dendrite core side of IC boundaries is consistent with the strain localization that would be 
seen in boundary segments of this configuration. In the CC and II configurations, 
dislocation motion on either side of the grain boundary during creep should progress 
relatively uniformly because of the relatively uniform precipitate phase fraction on either 
side of the boundary. Some strain localization is likely to occur in these boundary 
segments due to the increased energy required to move dislocations across the boundary 
itself, so a driving force for boundary migration (and therefore DC) would be present 
along these segments, in agreement with the experimentally observed development of CZ 
 110 
along CC segments (e.g. Figure 3-5 (C)) and II segments (e.g. Figure 3-5 (D)). In the IC 
configuration, dislocation movement from the core side of the boundary to the 
interdendritic side would be slowed by the boundary itself and by the increased volume 
fraction of γ’ on the interdendritic side. This would result in a much higher degree of 
strain localization along IC boundary segments, which is likely to enhance the driving 
force for grain boundary migration to accommodate the creep strain in these areas. Then, 
when the colonies begin to grow, they would grow in a manner that seeks to provide a 
recovery mechanism for the most highly strained locations (i.e. the dendrite core side). 
As mentioned above, this growth direction offers that added benefit of increased 
boundary mobility because of reduced particle drag.  
 
A mechanism that defines the growth direction of discontinuous reactions as being 
specifically related to local precipitate content variations and strain accumulation has not 
been rigorously addressed in the literature. However, it was demonstrated in Chapter 2 
that the overall development of DC colonies in alloy 740H is strain dependent and does 
not occur during stress-free aging2. Also, in a related example, Hillert described 
discontinuous precipitation as a type of local recrystallization reaction whereby a cold-
worked portion of a parent grain near a grain boundary is consumed by strain-relieving 
boundary motion17. While that theory was developed for DP, it is plausible to extend its 
application to DC when there is an external source (creep) of deformation that, when 
acting upon a grain boundary where a discontinuous change in precipitate content is 
present, may result in a discontinuous change in strain accumulation that would 
preferentially driving the GBM into the more highly strained side of the boundary.  
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CZs were also present on grain boundary segments in the II and CC conditions, as shown 
in Figures 3-5 (C-D). Because the local microstructures (and therefore, strain 
accumulation) on either side of these types of boundary segments are expected to be 
similar, a growth direction preference in accordance with the theory described above 
would be difficult to assign and may simply be a matter of chance relating to the 
orientation of the original grain boundary precipitates and/or crystallographic orientation 
of the grains. This possibility has been discussed in other work regarding discontinuous 
reactions18,19. CZ growth on these boundaries does not, however, disqualify the idea that 
the direction of CZ growth on IC boundary segments is strongly influenced by the local 
microstructure. 
 
It is acknowledged that other driving forces unrelated to the local microstructural 
constituents, such as local grain boundary energy, initial grain boundary curvature, and/or 
a chemical driving force, may influence the direction of grain boundary motion during 
DC. The influence of grain boundary misorientation angle/configuration/energy has been 
discussed in the literature as a driving force for discontinuous reactions and several 
correlations have been observed7,8,20,21. However, these studies have generally focused on 
equiaxed microstructures or bicrystals, so that grain boundary characteristics can be 
readily determined. In weld metal microstructures, the grain boundaries are highly curved 
in three dimensions, which results in continuously variable grain boundary properties and 
makes statistically significant local measurement of such properties prohibitively difficult 
without extensive use of, for example, serial sectioning techniques. Such analysis was not 
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deemed feasible in this work, so no conclusions can be drawn regarding the effect of 
grain boundary geometry/energy on the driving force for DC growth. Initial grain 
boundary curvature does not appear to be a major determining factor in the choice of 
grain boundary migration direction because, as indicated in Figure 3-5, the boundaries 
routinely moved in a direction that increased grain boundary area. In addition, Chapter 2 
demonstrated that CZs did not develop in alloy 740H weld metal that was isothermally 
aged at 850 °C without the application of stress2. This is inconsistent with a mechanism 
of DC that relies on significant straightening of the highly curved weld metal grain 
boundaries. Finally, Hillert has described a mechanism of grain boundary migration 
which is driven by the discontinuous concentration gradients set up in the nanometers 
ahead of the reaction front during a discontinuous phase transformation17. In this case, it 
is conceivable that the micro-scale composition changes due to solidification could 
provide the significant chemical driving force for preferential DC growth direction by 
creating a discontinuous change in both matrix and precipitate composition across an IC 
boundary. However, CZs have been shown to develop along II and CC boundaries, where 
the microscale concentration gradients are small to negligible. This points to a lack of a 
large chemical driving force and the importance of an alternate, strain-related one. 
 
D. STEM Analysis of Coarsened Zones 
A large body of work regarding discontinuous phase transformations is available in the 
literature, and these phenomena have been studied since at least the 1950s3,14,19,20,22–26. 
Much of the early work on these reactions involved simple binary and ternary 
systems4,19,24,25,27, additional seminal studies on discontinuous reactions in particle 
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strengthened systems were performed later20,22,28, and fairly recent studies have aimed at 
addressing these transformations in more complex alloy systems in great detail8,9,29,30. 
Despite this abundance of information, no consensus has been reached as to which 
elements or combinations of elements are likely to promote discontinuous phase 
transformations. While it is acknowledged that an inhomogeneous, highly complex alloy 
such as 740H is not an ideal system on which to perform a systematic analysis of the 
effects of alloying additions on DC, it was surmised that use of currently available 
advanced analytical electron microscopy tools could shed some light on the role of 
various alloying elements in discontinuous transformations within an engineering alloy. 
 
The three specimens investigated using scanning transmission electron microscopy 
(STEM) in this study are highlighted in Table 3-3. One sample was tested in the direct 
aged condition and one sample was homogenized at 1100 °C and aged before testing. 
Both of these specimens developed around 40 pct grain boundary CZ coverage during 
testing, and they had similar rupture/interruption times. Thus, comparisons of the 
chemical composition of CZs formed from a starting homogeneous and heterogeneous 
microstructure could be made. In addition to these two specimens, an as-aged alloy 740H 
sample was analyzed to investigate the concentration profiles within the DP colonies that 
were observed to form during direct aging of the weld. 
  
Figure 3-6 shows an SEM image of the region of interest in the specimen that was direct 
aged after welding and crept for 318 h, along with a low magnification bright field STEM 
image of the resultant cross-sectioned sample. As shown, the specimen contains a CZ 
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with a few large γ’, a two phase grain with a dispersion of small γ’, and the grain 
boundary (DC reaction front) that divides the two regions. The regions of interest denoted 
in the STEM image show the locations of XEDS analysis. Included are: (A) a line scan 
across the reaction front and (B-E) area scans of the γ and γ’ in both grains. As shown in 
the STEM image, the grain boundary exhibits significant twisting along its length. As a 
result, tilting of the specimen was necessary to achieve minimum interface width for the 
line scan by bringing the investigated interface as close as possible to parallel with the 
electron beam. Reported error values/bars are for a 95 pct confidence interval. The 
validity of the data was assessed by calculating the minimum detectability limit 
(minimum mass fraction, MMF) for the elements of interest. MMF values were on the 
order of 0.20 ± 0.10 wt pct for elements other than Nb and on the order of 0.30 ± 0.20 wt 
pct for Nb because of the lower peak to background ratio for the Nb Kα peak at 16.6 keV. 
Figure 3-7 (A) shows the XEDS data for Nb from the cross-boundary line scan in this 
specimen, and Table 3-4 presents the area scan data.  
 
The line scan appears to indicate a slight enrichment of Nb at the boundary in this 
specimen. This enrichment manifests over approximately 5 nm, which corresponds well 
to the measure width of the boundary at the point the scan was taken (4.5 nm as shown in 
the higher magnification bright field image of the boundary in Figure 3-7 (B)). This was 
as narrow as the boundary could be made within the tilting limits of the microscope. 
None of the other alloying elements demonstrated a significant change at the boundary 
except for Ni, which was slightly depleted to accommodate the extra Nb. The results 
given in Table 3-4 do not indicate a significant difference in the matrix or γ’ 
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compositions between the CZ and bottom grain, with the exception of Si, which appears 
to be more concentrated in the coarsened zone γ and γ’. The measured composition of γ’ 
in the CZ is approximately Ni3.02(Al0.47Ti0.37Nb0.15), and the measured composition of γ’ 
in the bottom grain is approximately Ni3.07(Al0.46Ti0.38Nb0.16). These Al:Ti:Nb ratios 
differ from that observed by Evans, et. al. in alloy 74031. This is not unexpected, 
however, as significant changes to the nominal alloy composition were made to produce 
the alloy 740H variant15. By comparing the γ’ compositions to the neighboring matrix 
compositions in both regions, the partition coefficients of the γ’ formers into γ’ can be 
calculated. These coefficients are tabulated in Table 3-5 and indicate that in both the CZ 
and bottom grain, Ti partitions most strongly to the precipitates, followed by Nb and then 
Al. Additionally, Ti is shown to partition slightly more to the γ’ within the bottom grain 
than the CZ.  
 
The measured values were also compared to thermodynamic and kinetic calculations. 
First, the as-solidified weld metal concentration profiles were calculated using the Scheil 
solidification module within Thermo-Calc, in combination with the TTNi7 database32,33. 
Details about the inputs to this simulation and the resulting austenite concentration 
profiles are provided elsewhere15. The austenite composition profiles, which spanned 
10µm and represent one half-dendrite, were then imported into the DICTRA software 
package, and the TTNi7 thermodynamic database and MOB2 kinetic database32–34 were 
used to simulate an 800 °C for 4 h direct age treatment followed by 850 °C for 318 h. The 
resulting austenite and γ’ concentration profiles for Ni, Al, Ti, and Nb are shown in 
Figure 3-8 and summarized in Table 3-6. After several hundred hours at 850 °C, the 
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compositions of austenite and γ’ are predicted to be nearly uniform throughout the weld 
metal microstructure, in agreement with the experimental data. Note that this solute 
redistribution is only predicted to eliminate the concentration gradients in the system, not 
the γ’ phase fraction gradients, which clearly persist as shown in Figures 3-5 (B-C). 
Comparing the measured and calculated compositions (Table 3-4 and Table 3-6) reveals 
that the solid-state solute redistribution predicted by the modeling has occurred during 
creep. In addition, Thermo-Calc was used to calculate the equilibrium compositions of γ 
and γ’ for the nominal alloy 740H composition set at 850 °C. These values, which are 
also given in Table 3-6, are also very close to the experimental and DICTRA-calculated 
values, indicating that the solid-state solute redistribution that has occurred during creep 
has nearly reached equilibrium. It is recognized that the kinetics of this solute 
redistribution will be significantly slower at the planned A-USC operating temperature 
range of 700 °C to 760 °C, so the same DICTRA calculation was performed at these 
temperatures. Figure 3-9 presents the calculated time evolution of the concentration of 
Nb in γ’ and γ’ at 760 °C and 700 °C. The concentration of Nb in γ’ was chosen as the 
basis for comparison because it is the slowest diffusing γ’ forming element. As expected, 
less homogenization of the matrix and precipitate compositions occurs at the lower 
temperature, but significant reductions in the starting composition gradients are predicted 
for both temperatures. This indicates that the type of solute redistribution observed 
experimentally in accelerated creep tests at 850 °C is likely to also occur within the A-
USC temperature range for times relevant to currently completed creep tests of alloy 
740H fusion welds (on the order of 10,000 h)1,10 and the design life of A-USC boiler 
components (100,000 h)35.  
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Finally, the significantly higher dislocation density in the bottom grain of Figure 3-6 
should be noted. While many of these dislocations are associated with the γ’ precipitates 
and are likely interfacial dislocations, a network of dislocations through the matrix in the 
bottom grain is also present. This is in contrast to the CZ, where some γ’ interfacial 
dislocations are present but there are very few dislocations in the γ’ matrix. This 
observation lends credence to the previous statements regarding CZ formation by DC as a 
mechanism for local recovery process for grain boundary strain accumulation. 
 
An SEM image and accompanying low magnification bright field STEM image of the 
region of interest and extracted cross-sectional TEM specimen from the creep sample that 
was homogenized at 1100 °C for 4 h and then aged before being crept to rupture (326 h) 
are given in Figure 3-10. The grain boundary/CZ reaction front in this specimen runs 
from the top left to the bottom right of the STEM image, with the CZ occupying the 
region above the reaction front and the grain with fine γ’ occupying the lower region. It 
has been highlighted in this figure for clarity. The regions of interest for EDS analysis are 
again indicated and include the same types of measurements discussed for the previous 
specimen. Figure 3-11 presents the EDS data for Ti and Nb from a line scan taken across 
the CZ reaction front. Much more enrichment of Nb at the grain boundary is observed in 
this sample, as is an apparent enrichment of Ti at the boundary. Figure 3-11 also shows 
the location of this scan at a higher magnification and demonstrates that the apparent 
width of the boundary for this scan was significantly smaller than in the preceding 
specimen. This ultimately leads to the sharper, more well-defined peaks in the EDS data. 
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As in the case of the previous sample, no other elements were found to vary significant at 
the boundary, except for Ni. Table 3-4 shows the area scan data for the matrix and γ’ 
within the CZ and left grain in this specimen. Again, the compositions of the austenite 
and γ’ are nearly identical between the CZ and left grain. The measured composition of γ’ 
in the CZ is approximately Ni3.11(Al0.46Ti0.39Nb0.15), and the measured composition of γ’ 
in the bottom grain is approximately Ni3.00(Al0.48Ti0.38Nb0.13). The partitioning behavior 
of the γ’ formers in this specimen is given in Table 3-5 and indicates that Ti also most 
strongly partitions to γ’ in this specimen. However, partitioning of the γ’ to the 
precipitates in this sample is in general smaller in magnitude than in the previously 
discussed specimen.  
 
Thermodynamic and kinetic calculations for the homogenized specimen began with the 
same as-solidified weld metal concentration profiles discussed above. After importing 
them into DICTRA, the TTNi7 and MOB2 databases were used to simulate an 1100 °C 
for 4 h homogenization treatment, an 800 °C for 4 h aging treatment, and an 850 °C for 
326 h isothermal hold. The resulting austenite and γ’ concentration profiles are shown in 
Figure 3-12 and summarized in Table 3-6. Once again, the compositions of austenite and 
γ’ are predicted to be uniform throughout the weld metal microstructure and close to the 
predicted equilibrium compositions. The experimental measurements given in Table 3-4 
confirm the accuracy of these calculations. It is important to again recognize that even 
though the matrix and γ’ compositions for both the direct aged and homogenized weld 
metal substructure appear to have reached their equilibrium values during creep, the final 
microstructures of these samples are not the same. Post-weld homogenization will 
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eliminate the microsegregation present immediately after solidification, thereby resulting 
in a uniform γ’ size and phase fraction throughout the microstructure before creep. As 
described above, the γ’ size and phase fraction gradients that arise from the 
microsegregation will persist in the direct aged sample even after equilibrium phase 
compositions have been reached during creep. The importance of these microstructural 
gradients to DC and creep rupture life of alloy 740H fusion welds has been discussed 
above and in Chapter 22.  
 
Figure 3-13 shows an SEM image and the resulting TEM specimen extracted from a 
colony of discontinuous precipitation in as-aged alloy 740H weld metal. The grain 
boundary/CZ reaction front is along the left side of the DP colony in the STEM image, 
which runs from top to bottom in the center of the sample. The region of interest for an 
EDS line scan is indicated. The measured concentration of Nb along this line scan is 
given in Figure 3-14, and shows once again enrichment of Nb at the interface. In this 
specimen, the boundary with where the line scan was acquired was 2.0 nm, as indicated 
in Figure 3-14 (B). Besides slight Ni depletion at the boundary, no other elements varied 
significantly. In addition, discontinuous concentration profiles across the boundary, 
which are generally considered to be a distinguishing features of DP19,29, were not 
detected. It is possible that such discontinuous composition changes may have 
homogenized during the 4 h hold at 800 °C. Evidence of this has been observed in Ni-Cu, 
wherein a discontinuous concentration profile left in the wake of a discontinuous phase 
transformation was shown to relax during thermal treatment at 750 °C for several hours36. 
Prior work on this alloy system has also presented modeling results that suggest that 
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relaxation of the discontinuous concentration profiles during thermal exposure at 800 °C 
is plausible1. 
 
The presence of Nb segregation to the DP/DC reaction front in each of these samples 
implies three possibilities: 1) it promotes the discontinuous reactions (e.g by increasing 
the grain boundary vacancy concentration and enhancing boundary mobility37), 2) it 
retards the discontinuous reactions (e.g. by solute drag that reduces boundary mobility), 
and/or 3) it has no effect on the propensity for discontinuous reactions but is the rate-
limiting species that must diffuse along the boundary because of its large atomic radius. 
Some studies have indicated that the addition of Nb (or more generally, any strong 
boundary segregant) slows down discontinuous reactions via solute drag on the boundary, 
lowering of the grain boundary energy, lowering grain boundary mobility, increasing the 
activation energy for boundary migration, increasing the activation energy for boundary 
diffusion, and/or occupying precipitate nucleation sites19,38,39. However, these studies 
have focused on ternary systems or engineering alloys that did not have continuous 
precipitation that involves Nb, do not have the types of microstructural gradients 
discussed above, and/or were not deformed in creep. In addition, other studies on ternary 
systems have noted an increase in the propensity for discontinuous transformations when 
a strong boundary segregant (e.g. Ga in Ag-Cu, Al in Cu-Be) is introduced. Williams and 
Butler19 acknowledge that the consistent documentation of segregants that increase the 
propensity for discontinuous reactions refutes the argument that such additions would 
unilaterally decrease the occurrence of DP/DC, unless an additional variable that has not 
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been rigorously addressed is affecting the alloys’ response. It is therefore unclear how 
well the conclusions from these studies can be relied upon or extended to this system.  
 
Alternatively, some insight may be gained from comparisons of the microstructural 
stability of alloy 740H with other A-USC alloys. Prior work has assessed the propensity 
for grain boundary γ’-denuded zone formation in several alloys that are targeted for use 
in A-USC applications and concluded that alloys NIMONIC 263 and INCONEL 740 
form grain boundary denuded zones, while Haynes 282 does not. Neither alloy 263 nor 
740 were shown to form denuded zones via discontinuous phase transformations. Instead, 
they formed via stabilization of phases that precipitated at the expense of the local 
γ’10.Typical compositions of alloys 263, 282, and 740 are given in Table 3-7. By 
considering the observations made here and in Ref. 10, it can be noted that the only A-
USC alloy composition sets that are prone to DP and DC are those which contain Nb and 
have a high enough Al:Ti ratio to suppress η and G-phase formation. It should also be 
noted that the DP/DC-prone alloys also contain significantly less Mo than those that did 
not exhibit discontinuous transformations. From the mechanisms described above (solute-
vacancy interaction/solute drag) and the observed propensity for Mo to segregate to the 
grain boundaries in high-Ni alloys40, it is possible that Mo may also affect DP/DC in the 
alloy 740H system, but no specific investigation into Mo was performed in this work. 
While the information gleaned from these comparisons may serve to narrow the list of 
alloying elements that contribute significantly to the DP/DC susceptibility of alloy 740H, 
there is unfortunately not enough documented information to firmly state the specific 
influence of these elements or the effect of Nb segregation at this time. 
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CONCLUSIONS 
In-depth microstructural analysis and quantification of γ’ coarsened zones in alloy 740H 
fusion weld creep specimens has been conducted. The results of this work have shown: 
 
1. The local variations in composition along the as-solidified weld metal grain 
boundaries lead to microstructural heterogeneities that have significant effects on 
the evolution of CZs in the weld metal. These variations greatly enhance the 
general susceptibility of the weld metal to coarsened zone formation as compared 
to wrought alloy 740H. 
 
2. CZ colonies on boundary segments where a dendrite core and an interdendritic 
region meet grow preferentially into the dendrite core side of the boundary. It is 
postulated that this is a result of increased recovery of strain accumulation and 
enhanced grain boundary mobility due to reduced particle pinning in that 
direction. Other possible driving forces for this apparent preference, with the 
exception of local configurational grain boundary energy, have been ruled out. 
 
3. Preference for CZ colony growth along IC boundary segments has been 
demonstrated for a sample size of 20 specimens encompassing nearly 10 cm of 
analyzed boundaries. This preference is also a result of enhanced creep strain 
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localization along these segments because of the sharp change in precipitate phase 
fraction. 
 
4. Enrichment of Nb at a coarsened zone reaction front was observed in a specimen 
that was given a direct age before creep and in a specimen that was homogenized 
then aged before creep. Nb enrichment was also detected at the discontinuous 
precipitation reaction front in direct aged alloy 740H weld metal. Enrichment of 
Ti at the DC reaction front in the homogenized specimen was also observed.  
 
5. Measured matrix and precipitate compositions in the crept specimens correlated 
very well to predictions from kinetic calculations and equilibrium calculations for 
austenite and γ’ using the nominal alloy 740H composition set. 
 
6. Ti most strongly partitioned to the γ’ precipitates in crept specimens, followed by 
Nb and then Al. 
 
7. The specific influence, if any, of reaction front Nb segregation on DP/DC in alloy 
740H could not be ascertained from the work performed here or comparisons to 
prior work on other A-USC alloys.  
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Figure 3-1: Backscattered electron image of a typical grain boundary in an alloy 740H 
fusion weld. Three variants of local concentration across the boundary are indicated. I = 
interdendritic region, C = dendrite core.  
Grain 
Boundary 
C
C
C
I 
I 
I 
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Figure 3-2: Electron microprobe traces across the three local grain boundary 
configurations in alloy 740H fusion welds after solidification. I – Interdendritic region, C 
– Dendrite core  
I-I 
I-I 
I-I 
I-C 
I-C 
I-C C-C 
C-C 
C-C 
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Figure 3-3: Scanning electron micrographs of the three local grain boundary 
configurations in alloy 740H fusion welds after aging at 800 °C for 4 h. I = interdendritic 
region, C = dendrite core.  
1 µm 
I I 
I C 
C C 
1 µm 
1 µm 
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Figure 3-4: Quantification of the propensity for CZ formation along segments of each of 
the three identified boundary configurations. Total length of grain boundaries analyzed is 
approximately 10 cm. Data normalized to the fractions of each type of boundary 
configuration in one specimen.   
 131 
 
Figure 3-5: Scanning electron micrographs of CZs in alloy 740H fusion weld creep 
samples. (A) and (D) crept for 50 h, (B) and (C) crept for 318 h. Both samples crept at 
850 °C with a 100 MPa applied stress. Micrographs are overlaid with electron backscatter 
diffraction maps of the CZs. White arrows indicate local substructure features and black 
arrows indicate CZ growth direction.  
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Figure 3-6: (Left) Scanning electron micrograph of CZ of interest in alloy 740H weld 
metal creep specimen that was given a direct age after welding and crept at 850 °C for 
318 h with a 100 MPa applied stress. (Right) Bright field TEM micrograph of the 
specimen extracted from this region of interest. Locations of XEDS acquisition indicated. 
 
 
 
Figure 3-7: (A) Nb profile from XEDS line scan across the CZ reaction front indicated in 
Figure 3-6. (B) Higher magnification bright field STEM micrograph of the region of 
interest, showing grain boundary width at location of scan.  
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Figure 3-8: DICTRA-calculated composition profiles for (A) γ’ and (B) γ in an alloy 
740H fusion weld after non-equilibrium solidification, aging at 800 °C for 4 h, and 
isothermal exposure during creep at 850 °C for 318 h.  
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Figure 3-9: DICTRA-calculated composition profiles for Nb in γ’ and γ in an alloy 740H 
fusion weld after non-equilibrium solidification, aging at 800 °C for 4 h, and isothermal 
exposure during creep. (A-B) Simulated creep exposure at 760 °C, (C-D) 700 °C. 
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Figure 3-10: (Left) Scanning electron micrograph of CZ of interest in alloy 740H weld 
metal creep specimen that was given homogenized at 1100 °C for 4 h, aged at 800 °C for 
4 h, and crept at 850 °C for 326 h with a 100 MPa applied stress. (Right) Bright field 
TEM micrograph of the specimen extracted from this region of interest. Locations of 
XEDS acquisition indicated.  
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Figure 3-11: (A) Higher magnification bright field STEM micrograph of the region of 
interest, showing grain boundary width at location of the scan, (B) Ti profile from XEDS 
line scan across the CZ reaction front indicated in Figure 3-10, (C) Nb profile from 
XEDS line scan across the CZ reaction front indicated in Figure 3-10. 
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Figure 3-12: DICTRA-calculated composition profiles for (A) γ’ and (B) γ in an alloy 
740H fusion weld after non-equilibrium solidification, homogenization at 1100 °C for 4 
h, aging at 800 °C for 4 h, and isothermal exposure during creep at 850 °C for 326 h. 
 
 
 
Figure 3-13: (Left) Scanning electron micrograph of CZ of interest in alloy 740H weld 
metal creep specimen that was aged at 800 °C for 4 h. (Right) Bright field TEM 
micrograph of the specimen extracted from this region of interest. Location of XEDS 
acquisition indicated.  
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Figure 3-14: (A) Nb profile from XEDS line scan across the CZ reaction front indicated 
in Figure 3-13. (B) Higher magnification bright field STEM micrograph of the region of 
interest, showing grain boundary width at location of scan. 
  
 
 
 
 
 
 
Table 3-1: Parameters for the welds characterized in this study. 
Process 
Current 
(A) 
Voltage 
(V) 
Torch Speed 
(mm/s) 
Wire Feed 
Rate (mm/s) 
Shielding 
Gas 
Single-pass 
Automated 
GTAW 
250 12 ± 0.1 2.0 N/A 100 pct Ar 
Multipass 
Manual 
GTAW 
198 11 
0.9 (root) 
3.4 (fill) 
26 (root) 
19 (fill) 
75 pct Ar 
25 pct He 
 
Process Electrode Joint Geometry 
Pre-weld Heat 
Treatment 
Post-Weld Heat Treatment 
Single-pass 
Automated 
GTAW 
4.0 mm 
diameter 
W-2 pct Th 
Bead on 12 mm-
thick plate 
1120 °C, 1 h, 
water quench, 
800 °C, 4 h, 
air cool 
800 °C, 4 h, air cool 
Or 
1100 °C, 4 h, water quench, 
800 °C, 4 h, air cool 
Multipass 
Manual GTAW 
3.2 mm 
diameter 
W-2 pct Th 
60 ° included angle 
V-groove on 15 
mm-thick plate, 4.8 
mm root opening 
1120 °C, 1 h, 
water quench, 
800 °C, 4 h, 
air cool 
800 °C, 4 h, air cool 
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Table 3-2: Compositions of alloys investigated in this study, as measured 
via wet chemical/OES analysis. Values given in wt pct. 
Heat 
Number 
Ni Cr Co Nb Ti Al Mo Fe Si 
2127JY 50.08 24.60 20.19 1.51 1.36 1.34 0.01 0.24 0.14 
HV1278 49.17 24.35 20.08 1.53 1.45 1.28 0.53 1.07 0.20 
HV1219 50.20 23.90 19.40 1.52 1.28 1.31 0.54 1.10 0.22 
HV1701 51.54 24.81 20.32 0.01 1.42 1.43 0.036 0.07 0.16 
          
 C Mn V W Zr Ta P Cu S 
2127JY 0.05 0.29 0.009 0.043 0.023 0.008 0.007 0.03 <0.001 
HV1278 0.05 0.30 0.007 0.008 0.020 <0.001 0.002 <0.001 - 
HV1219 0.05 0.29 0.006 0.013 0.018 <0.001 0.002 0.11 0.001 
HV1701 0.04 0.002 0.007 0.043 - 0.008 0.004 0.01 0.001 
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Table 3-3: Test matrix for interrupted creep and creep rupture specimens investigated in this study. 
Heat Weld Type 
Post-Weld 
Heat 
Treatment 
Prestrain, 
pct 
Applied Stress, 
MPa 
Time, h 
R = rupture 
2127JY 
Single pass 
autogenous GTAW 
Direct Age* 
0 
0 0**,1, 5, 10, 318 
100 
1, 5, 10, 25, 50, 
318**, 392 (R) 
5 ± 0.5 
0 1, 5, 10, 80 
100 
1, 5, 10, 25, 50, 80 
(R) 
1100 °C, 4 h 
Water quench 
Age* 
0 100 
326** (R) 
Single pass 
autogenous GTAW, 
through-thickness 
weld 
Direct Age* 479 (R) 
HV1278 (Base metal) + 
HV1219 (Filler metal) 
Multipass GMAW Direct Age* 97 (R) 
HV1701 
Nb-free, Single pass 
GTAW 
Direct Age* 66 (R) 
* Standard age: 800 °C, 4 h, air cool 
** Specimens analyzed via STEM 
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Table 3-4: XEDS data for area scans (300 s dwell) in alloy 740H weld specimens that were crept at 850 °C with 100 MPa 
applied stress. Deviations are the 95 pct confidence interval. Values given in at pct. 
Post Weld Heat 
Treatment 
Location Ni Cr Co Al Ti Nb Fe Si 
Direct Age* 
γ’ in CZ 68 ± 1 1.9 ± 0.1 6.5 ± 0.2 11 ± 1 8.4 ± 0.3 3.4 ± 0.1 0.39  ± 0.02 0.75 ± 0.03 
γ in CZ 45 ± 1 28 ± 1 21 ± 1 2.3 ± 0.1 0.99 ± 0.03 0.57 ± 0.03 0.59 ± 0.02 1.2 ± 0.1 
γ’ in bottom 
grain 
68  ± 1 2.1 ± 0.1 6.6 ± 0.2 10 ± 1 8.5 ± 0.3 3.6 ± 0.1 0.40 ± 0.02 0.16 ± 0.01 
γ in bottom 
grain 
46 ± 1 29 ± 1 21 ± 1 2.2 ± 0.1 0.97 ± 0.03 0.63 ± 0.03 0.61 ± 0.02 0.33 ± 0.02 
Homogenization 
and Age** 
γ’ in CZ 68 ± 1 2.1 ± 0.1 6.6 ± 0.2 10 ± 1 8.6 ± 0.3 3.3 ± 0.1 0.40 ± 0.02 0.31 ± 0.02 
γ in CZ 46 ± 1 29 ± 1 20 ± 1 2.2 ± 0.1 1.1 ± 0.1 0.62 ± 0.03 0.61 ± 0.02 0.48 ± 0.02 
γ’ in left grain 68 ± 1 2.2 ± 0.1 6.7 ± 0.2 11 ± 1 8.6 ± 0.3 3.1 ± 0.1 0.43 ± 0.02 0.28 ± 0.02 
γ in left grain 46 ± 1 28 ± 1 20 ± 1 2.9 ± 0.1 1.0 ± 0.1 0.57 ± 0.03 0.57 ± 0.02 0.86 ± 0.04 
* Direct Age: 800 °C, 4 h, air cool 
** Homogenization and Age: 1100 °C, 4 h, water quench, 800 °C, 4 h, air cool 
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Table 3-5: Partition coefficients for the γ’ forming elements, calculated from the 
XEDS measurements given in Tables 3-4 and 3-6. 
Post Weld Heat 
Treatment 
Location Ni Al Ti Nb 
Direct Age* 
CZ 1.51 ± 0.03 4.78 ± 0.10 8.48 ± 0.05 5.96 ± 0.06 
Bottom Grain 1.48 ± 0.03 4.55 ± 0.11 8.76 ± 0.05 5.71 ± 0.06 
Homogenization 
and Age** 
CZ 1.48 ± 0.03 4.55 ± 0.11 7.82 ± 0.10 5.32 ± 0.04 
Left Grain 1.48 ± 0.03 3.79 ± 0.10 8.60 ± 0.11 5.44 ± 0.06 
* Direct Age: 800 °C, 4 h, air cool 
** Homogenization and Age: 1100 °C, 4 h, water quench, 800 °C, 4 h, air cool 
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Table 3-6: Calculated compositions for γ and γ’ in alloy 740H weld specimens that were crept at 850 °C. DICTRA-calculated 
values are the average of the 75 grid points in the modeled system, and deviations are the 95 pct confidence interval. Thermo-
Calc-calculated values are single point equilibria of nominal alloy 740H composition at 850 °C. All values in at pct. 
Post Weld Heat 
Treatment 
Composition 
Type 
Ni Cr Co Al Ti Nb Fe Si 
Direct Age* 
DICTRA, γ’  67 ± 1 1.9 ± 0.5 7.6 ± 0.2 11 ± 0 9.0 ± 0.6 3.5 ± 0.7 0.03 ± 0 0.10 ± 0 
DICTRA, γ  46 ± 1 30 ± 1 21 ± 1 1.7 ± 0.1 0.45 ± 0.04 0.18 ± 0.05 0.27 ± 0 0.29 ± 0 
Homogenization 
and Age** 
DICTRA, γ’  67 ± 1 1.9 ± 0 7.6 ± 0.1 11 ± 1 8.9 ± 0.2 3.7 ± 0 0.03 ± 0 0.10 ± 0 
DICTRA, γ  46 ± 1 30 ± 1 21 ± 1 1.7 ± 0.1 0.44 ± 0 0.19 ± 0 0.27 ± 0 0.29 ± 0 
N/A 
Thermo-Calc, γ’ 67 1.9 7.6 11 8.9 4.0 0.03 0.10 
Thermo-Calc, γ 45 30 21 1.6 0.43 0.22 0.27 0.31 
* Direct Age: 800 °C, 4 h, air cool 
** Homogenization and Age: 1100 °C, 4 h, water quench, 800 °C, 4 h, air cool 
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Table 3-7: Typical as-deposited weld metal compositions of A-USC candidate alloys. Values given in wt pct. 
Alloy Ni Cr Co Al Ti Nb Fe Mn Mo Si C S B P 
NIMONIC 263 Bal 21 20 0.52 2.2 0 0.37 0.21 5.9 0.08 0.06 <0.002 <0.002 <0.005 
INCONEL 740 Bal 24 20 0.98 1.8 2.0 0.46 0.26 0.51 0.51 0.03 <0.001 0.004 <0.005 
Haynes 282 Bal 19 10 1.5 2.2 0 0.68 0.05 8.6 <0.05 0.06 <0.002 0.005 0.002 
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4. APPENDIX 
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The purpose of this Appendix is to provide relevant additional information regarding 
some of the data and procedures presented in the preceding chapters and examples of 
other work performed during this project that was not included in the previous chapters. 
Some of the following efforts were discontinued due to changes in project direction, etc., 
so discussion of these topics will be brief and the conclusions gained from them may be 
minimal. 
 
 
CALCULATION OF COARSENED ZONE CONTENT IN CREEP SPECIMENS 
An overview of the analysis method used to calculate the CZ content in the creep tested 
fusion welds was provided in Chapter 2. This section provides more in-depth outputs 
from the analysis and the full list of CZ data. 
 
Figures 4-1 and 4-2 show the typical outputs from EBSD mapping of the 250 µm by 
500µm regions of interest in the creep specimens. Figure 4-1 presents grain boundary 
maps which show the location of all of the grain boundaries within the regions of interest. 
Grain boundaries are colored by their misorientation angle range. Figure 4-2 shows the 
accompanying summary tables wherein the TSL OIM software used for the analysis has 
calculated the total length of grain boundaries associated with each misorientation angle 
range. In order to determine the CZ coverage in a given specimen, 65 to 70 secondary 
electron images were collected from within the region of interest, ImageJ was used to 
determine the length of all grain boundary segments within the SE images that contained 
CZs, and the total length of CZs was then divided by the total grain boundary length 
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reported by the EBSD software (Figure 4-2). Several specimens contained cracks, either 
due to applied plastic prestrain or creep. These cracks were often clearly observed to be 
propagating along coarsened zones (see Figure 4-3). However, because the uncracked 
state of these boundary segments could not be known, they were not included in any of 
the reported CZ measurements, and their length was subtracted from the total grain 
boundary length in the regions of interest. 
 
Table 4-1 provides additional information about the total length of grain boundaries 
analyzed for each creep specimen and the raw data regarding the CZ lengths as a function 
of local gain boundary configuration. A summary of the findings regarding CZ coverage 
as a function of grain boundary configuration was given in Chapter 3. Note that for some 
specimens, only a total CZ length is reported. This is because of a change in analysis 
procedure. Initial efforts focused on correlating the presence of CZs to grain boundary 
misorientation, since such a relationship has been identified by many researchers (see 
Chapters 2 and 3 for references). However, after characterization of the initial interrupted 
creep specimens (≤ 10 h exposure), it was determined that such an analysis was 
inappropriate for these specimens because the three-dimensional curvature of weld metal 
grain boundaries makes it impossible to know the actual character of a boundary segment 
from a two-dimensional EBSD map. Thus, attention shifted to correlation of the CZs to 
local microstructural variations. Limited effort was undertaken to provide three-
dimensional characterization of CZs, and that is discussed in the following section. Table 
4-1 also provides information about the effect of cracks on this analysis. As shown, seven 
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of the specimens had enough cracks in the region of interest to affect the measured CZ 
value. However, this effect was only significant in three of the samples. 
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Figure 4-1: Example grain boundary EBSD maps from the regions of interest in alloy 
740H single pass GTA welds: (A) direct aged, air cooled, and crept to rupture (392 h) and 
(B) homogenized at 1100 °C for 10 min, water quenched, homogenized at 1000 °C for 44 
h, water quenched, aged, air cooled, and crept to rupture (363 h). 
  
A 
B 
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Figure 4-2: Example output from TSL OIM software, showing the grain boundary length 
as a function of misorientation angle range for the specimens described in Figure 4-1. 
  
A 
B 
 152 
 
Figure 4-3: Secondary electron micrograph from within region of interest in alloy 740H 
multipass GTA weld homogenized at 1100 °C for 4 h, water quenched, aged, and crept to 
rupture (249 h).  
CZ within 
creep crack 
  
Table 4-1: Extended coarsened zone coverage data. 
  
Prestrain, 
pct 
Stress, 
MPa 
Temperature, 
°C 
Time, 
h 
Total GB 
Length, 
µm 
Grain Boundary Coverage, µm 
Grain Boundary 
Coverage, pct 
II IC CC Cracks 
With 
cracks 
Without 
cracks 
Single Pass 
GTAWd 
0 0 800 4 5768 72 133 51 0 4.4a   
                      
0 0 850 1 3790 N/Ab N/Ab N/Ab N/Ab 4.5   
0 0 850 5 5620 39 95 40 0 3.1   
0 0 850 10 4830 57 74 24 0 3.2   
0 0 850 318 3360 21 46 14 0 2.4   
                      
0 100 850 1 3900 33 113 39 0 4.7   
0 100 850 5 5520 N/Ab N/Ab N/Ab N/Ab 4.1   
0 100 850 10 3580 N/Ab N/Ab N/Ab N/Ab 7.4   
0 100 850 25 6230 173 250 37 0 7.4   
0 100 850 50 4500 191 304 45 0 12.0   
0 100 850 318 4300 260 997 204 0 34.0   
0 100 850 392 4147 686 952 246 48 46.0   
                      
5 0 850 1 6290 47 108 29 62 3.9 2.9 
5 0 850 5 4660 62 72 54 64 4.0   
5 0 850 10 6640 N/Ab N/Ab N/Ab N/Ab 5.6   
5 0 850 80 5140 54 113 22 0 3.7   
                      
5 100 850 1 3730 N/Ab N/Ab N/Ab N/Ab 5.3   
5 100 850 5 6270 N/Ab N/Ab N/Ab N/Ab 4.7   
5 100 850 10 4060 N/Ab N/Ab N/Ab N/Ab 12.1   
5 100 850 25 4260 125 227 137 41 12.4 11.6 
5 100 850 50 5200 177 315 107 57 11.5 10.5 
5 100 850 80 4560 300 487 136 821 38.3 24.7 
  
153 
  
Table 4-1 (continued): Extended coarsened zone coverage data. 
  
Prestrain, 
pct 
Stress, 
MPa 
Temperature, 
°C 
Time, 
h 
Total GB 
Length, 
µm 
Grain Boundary Coverage, µm 
Grain Boundary 
Coverage, pct 
II IC CC Cracks 
With 
cracks 
Without 
cracks 
Single Pass 
GTAWe 
0 100 850 293 2270 N/Ac N/Ac N/Ac N/Ac 51.8   
Single Pass 
GTAWf 
0 100 850 363 1950 N/Ac N/Ac N/Ac N/Ac 47.4   
Single Pass 
GTAW 
Through-
Thickness Weldd 
0 100 850 479 6850 1564 1558 323 49 51 50.7 
Single Pass 
GTAW 
Through-
Thickness Welde 
0 100 850 592 4190 N/Ac N/Ac N/Ac N/Ac 63.1   
Multipass GTAWd 0 100 850 97 4059 252 398 84 505 30.5 20.7 
Multipass GTAWe 0 100 850 249 4785 N/Ac N/Ac N/Ac N/Ac 34.0 31.9 
HV1701d 0 100 850 66 3229 111 294 69 118 18.3 14.7 
                        
a Grain boundary coverage in direct-aged sample is discontinuous precipitation 
b Not determined 
c Unavailable because homogenization eliminates microstructural gradients 
d Direct Age - 800 °C, 4 h, Air Cool 
e High Temperature Homogenization - 1100°C, 4 h, Water Quench, 800 °C, 4 h, Air Cool 
f Low Temperature Homogenization - 1100 °C, 10 min, Water Quench, 1000 °C, 44 h , Water Quench, 800 °C, 4 h, Air Cool 
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SERIAL SECTIONING OF COARSENED ZONES 
As mentioned in the previous section, early work on this project sought to correlate the 
development of CZs to grain boundary misorientation. Part of this analysis included 
serial sectioning and three-dimensional reconstruction of several coarsened zones. Serial 
sectioning was performed in an FEI Scios dual beam FIB with a Ga ion source operated 
at 30 keV. A 1 nA milling current was used for sectioning, the section thickness was 20 
nm, and serial images were acquired using a beam current of 10 pA and a secondary ion 
detector. After acquisition, the images were post-processing via cropping, tilt correction, 
and stabilization using Image J. Three-dimensional reconstructions were created by 
manually tracing the CZ and grain boundaries within the TrakEM2 ImageJ plugin. 
Results of this analysis are given in Figures 4-4 through 4-7. 
 
Figure 4-4 shows a typical area of interest for CZ reconstruction, located in a single pass 
GTA weld specimen that was direct aged and crept for 318 h. Figure 4-15 shows several 
of the serial images of this region that were captured during sectioning. Four regions are 
present: three grains (right, upper left, and lower left) and the CZ (middle-left). Several of 
the elongated γ’ particles within the CZ are visible in the serial images. Based on the 
location of the grain boundaries, which are denoted by the change in contrast at the left 
edge of the CZ, the coarsened zone has grown from right to left. Figure 4-6 provides a 
three-dimensional reconstruction of the entire region of interest, and Figure 4-7 shows 
only the reconstructed coarsened zone.  
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Figure 4-4: Secondary ion image of CZ for serial sectioning. Region of interest in single 
pass alloy 740H GTA weld direct aged and crept for 318 h.
  
 
   
  
Figure 4-5: Serial secondary ion images of CZ shown in Figure 4-4. A total of 92 images were collected. Shown are 
images (A) 1, (B) 25, (C) 50, (D) 75, and (E) 92.
CZ 
GBs 
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Figure 4-6: Several views of the reconstructed region of interest from Figures 4-4 and 4-
5. Red, blue, and yellow regions are the three grains within the field, and green region is 
the CZ. The top image most closely corresponds to the orientation of the images in Figure 
4-5.  
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Figure 4-7: Several views of the reconstructed CZ from Figures 4-4 and 4-5.
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STRAIN MAPPING OF A CREEP SPECIMEN 
Strain mapping of an alloy 740H single pass GTA weld creep specimen after prestrain 
and during creep was performed in order to measure the actual prestrain applied to the 
specimens (the test matrix presented in Chapter 2 desired a 5 pct prestrain) and to 
determine where the creep strain was occurring within the specimens. The experimental 
setup for strain mapping was comprised of a 9 mm by 24 mm grid of Vickers 
microhardness indents (1 kg load) applied to three sides of a creep specimen. These 
dimensions were chosen so that the grid would cover nearly the entire width/thickness of 
the specimen as well as a length that was slightly larger than the hot zone described in 
Chapter 2. Two additional indents were placed 50 mm apart to determine if any 
deformation was occurring outside of the hot zone. Figure 4-8 shows this experimental 
setup. A longitudinal extensometer was applied to the specimen at the contact points 
indicated in Figure 4-8. The specimen was heated in a Gleeble 3500 thermal-mechanical 
simulator at a rate of 2.75 °C/s, soaked at 850 °C for 30 sec, and pulled to a programmed 
value of 5 pct prestrain at a rate of 2 mm/min. The specimen was then cooled, removed 
from the Gleeble, and montages of LOM images for all three indented surfaces were 
acquired using a Reichert-Jung MeF3 inverted LOM equipped with Nikon image 
acquisition software. Figure 4-9 shows these image montages. Clear evidence of strain 
localization in the fusion zone and hot zone is evident. Measurements of the 
microhardness grid after prestrain indicated that the plastic strain imparted to the gauge 
length was 3.8 pct, which is lower than the intended value. Some of the discrepancy (0.2 
to 0.3 pct) can be accounted for by elasticity, but the source of the remaining reduction in 
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strain below the desired 5 pct is unclear. Figure 4-10 presents strain maps after prestrain 
for the longitudinal and transverse directions, generated by measuring the inter-indent 
distance on each face and plotting with Mathematica. As shown, a significant degree of 
strain localization occurs in the center of the sample, up to several times the nominally 
applied longitudinal strain. This is consistent with the deformation being confined to the 
hot zone of the specimen.  
 
After characterization of the prestrained specimen, it was returned to the Gleeble, 
reheated to 850 °C, loaded to 100 MPa, and crept for 50 h. It was then cooled, removed 
from the Gleeble, and the inter-indent spacings were re-measured. Figure 4-11 presents 
strain maps after prestrain and creep for the longitudinal and transverse directions. Very 
little additional extension has occurred over this time frame (< 100 µm), and therefore 
little change in the observed strain localization occurred. Figure 4-12 shows the 
distribution of strain due to creep only. This map was generated by subtracting the inter-
indent spacings used to generate the prestrain maps (Figure 4-10) from the prestrain + 
creep maps (Figure 4-11). These maps confirm the small additional extension 
contribution from the creep and indicate that some additional strain localization did occur 
during creep. This mostly occurs in the same locations where strain localized during 
prestrain and is likely due to stress concentration in these heavily deformed areas. 
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Figure 4-8: LOM image montage showing grid of microhardness indents used for strain 
mapping. Hot zone width and initial gauge length also indicated 
 
 
 
 
Figure 4-9: LOM image montages showing grid of microhardness indents on three sides 
of Gleeble specimen after prestrain. 
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Figure 4-10: Strain maps in longitudinal (ε11) and transverse (ε22) direction in alloy 740H 
fusion weld after prestrain. 
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Figure 4-11: Strain maps in longitudinal (ε11) and transverse (ε22) direction in alloy 740H 
fusion weld after prestrain and creep for 50 h. 
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Figure 4-12: Strain maps in longitudinal (ε11) and transverse (ε22) direction in alloy 740H 
fusion weld showing contribution from creep for 50 h only.
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CREEP CURVES 
This section provides the creep curves generated from the Gleeble tests performed in this 
work. All creep tests utilized a mechanically attached longitudinal extensometer. 
However, several anomalous features were present in the extensometer data, including a 
serrations in the data due to thermal fluctuations in the Gleeble load line (not the sample 
itself), gauge slipping, and an apparent contraction of many specimens during the first 10 
h of creep. The appearance of these artifacts was inconsistent throughout the test matrix, 
and efforts to correct them were unsuccessful, so minimum creep rates and (to a lesser 
extent) extensions at failure for these specimens cannot be accurately obtained and are 
not reported in prior chapters. Instead, reduction in area at failure has been used as the 
comparative quantity.  
 
Figure 4-13 shows the curves for all of the direct aged single pass GTA welds made on 
alloy 740H heat 2127JY that were direct aged before creep. Figure 4-13 (A) presents the 
curves in their entirety, while Figure 4-13 (B) is rescaled to show the short time behavior. 
The artifacts described above are all present in Figure 4-13 (B). Note that several of the 
curves (5, 10, and 318 h) appear to be consistent with prototypical creep curves and could 
potentially yield meaningful steady state creep rates. However, determination of these 
rates was omitted because it cannot be said with certainty that the artifact which caused 
an apparent contraction in the other specimens was not present at all in these three curves. 
Figure 4-14 shows the creep curves for all of the direct aged and prestrained single pass 
GTA welds made on heat 2127JY. Figure 4-14 (A) provides the curves in their entirety, 
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and Figure 4-14 (B) is rescaled to convey the measured short time response. As in the 
previous figures, it is possible that steady state creep rates could be obtained from some 
of these curves (10 h and 25 h), but this analysis was again declined. Figure 4-14 (B) 
does, however, show the actual level of plastic prestrain applied to these samples (the 
elbow in the curves near t = 0.1 h). All of the values fall between 4.4 pct and 5.0 pct, 
which indicates that the prestrain applied to these samples was relatively consistent and 
in line with the targeted value of 5 pct. Figure 4-15 presents the creep curves for all of the 
full-size (10 mm by 10 mm) specimens that were crept to rupture. The same artifact 
issues described above appear in most of these specimens. Finally, Figure 4-16 shows the 
creep curves for the single pass GTA welds made on heat 2127JY that were thinned such 
that the weld metal was through-thickness. This figure presents the data as extension 
rather than strain because the initial gauge length of these specimens could not be 
recorded. For the full size specimens, small notches were made along one edge of the 
specimens to provide a ‘seat’ for the extensometer. For the reduced samples, however, 
these notches were not made because the contact tips of the extensometer were larger 
than the 2 mm thickness of the specimens, so a ‘seat’ was not needed. Also, it was 
desirable to avoid the stress concentrations provided by such notches in these specimens 
because their cross-sectional area was greatly reduced as compared to the full size 
samples. Once again, steady state creep rates could not be extracted from the data. 
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Figure 4-13: Creep curves for all single pass GTA weld specimens that were made on 
heat 2127JY and direct aged before creep.  
A 
B 
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Figure 4-14: Creep curves for all single pass GTA weld specimens that were made on 
heat 2127JY, direct aged, and prestrained before creep.  
A 
B 
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Figure 4-15: Creep curves for all full-size creep specimens that were tested to rupture. 
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Figure 4-16: Creep curves for the single pass GTA weld specimens that were made on 
heat 2127JY, direct aged, and sectioned to produce through-thickness weld metal. 
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